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I.  INTRODUCTION 

The  goal  of  th/-^oposed  work  was  to  develop  a  science-based  understanding  of  the 
structure-property  relationships  in  Ti3SiC2.  Late  in  1995  we  synthesized  for  the  first  time  dense, 
bulk  single  phase  samples  of  Ti3SiC2.  Preliminary  characterization  has  shown  it  to  be  a  ternary 
compound  with  a  unique  set  of  properties;  machinability  similar  to  that  of  graphite,  excellent 

oxidation  resistance,  relatively  low  density  (4.5  gm/cm3)  and  non-susceptibility  to  thermal  shock. 
A  brittle-to-ductile  transition  occurs  at  1200  °C,  and  at  1300  °C  the  material  is  plastic  with  very 
respectable  yield  points  (100  and  500  MPa  in  flexure  and  compression,  respectively).  This 
combination  of  properties  renders  Ti3SiC2  an  attractive  candidate  for  a  variety  of  high  temperature 
structural  applications  of  interest  to  the  Air  Force  and  creates  the  immediate  need  for  a  detailed 
characterization  study  to  understand  the  physical  origin  of  these  properties. 

In  May  1997  we  were  awarded  an  7  month  grant  from  AFOSR  to  continue  working  on 
Ti3SiCo.  Using  this  funding  we  published  5  refereed  publications  [1-5].  The  main  results  are 
summarized  below  and  the  papers  are  attached  to  this  report. 

i)  In  this  work  we  delineated  the  reaction  path  and  microstructure  evolution  during  the 
reactive  hot  isostatic  processing  of  Ti3SiC2,  starting  with  Ti,  SiC  and  graphite 
powders  [1].  A  series  of  interrupted  hot  isostatic  press  runs  are  carried  out  as  a 
function  of  temperature  (1200-1600  °C)  and  time  (0-24  hours).  Based  on  X-ray 
diffraction  and  scanning  electron  microscopy,  at  1200  °C  the  intermediate  phases 
are  TiCx  and  Ti5Si3Cx.  Fully  dense,  essentially  single  phase,  samples  are 
fabricated  in  the  1450-1700  °C  temperature  range.  The  time-temperature  processing 
envelope  for  fabricating,  microstructures  with  small  (~  3-5),  large  (~  200  pm)  and 
duplex  grains,  in  which  large  (100-200  pm)  grains  of  Ti3SiC2  are  embedded  in  a 
much  finer  matrix,  is  delineated.  The  microstructure  evolution  is  to  a  large  degree 
determined  by:  i)  the  presence  of  unreacted  phases,  mainly  TiCx,  that  inhibits  grain 
growth,  and  ii)  a  large  anisotropy  in  growth  rates  along  the  c  and  a  -directions;  at 
1450  °C,  growth  normal  to  the  basal  planes  is  roughly  an  order  of  magnitude 
smaller  than  that  parallel  to  these  planes;  at  1600  °C  the  ratio  is  4,  and;  iii) 
impingement  of  the  grains.  Ti3SiC2  is  thermally  stable  under  vacuum  and  Ar 
atmosphere  at  temperatures  as  high  as  1600  °C  for  up  to  24  hours.  This  work  was 
published  in  the  Journal  of  the  American  Ceramic  Soc.  in  Oct.  1999.  A  reprint  is 
attached  to  the  end  of  this  report. 

ii)  In  this  work  [2]  we  report  on  the  mechanical  behavior  of  Ti3SiC2,  described  in  the 
aforementioned  paper[l].  In  particular,  we  have  evaluated  the  mechanical  response 
of  fine-grained  Ti3SiC,  (3-5  pm)  in  both  simple  compression  and  flexure  tests,  and 
compared  the  results  with  those  of  coarse-grained  Ti3SiC2  (100-200  pm).  These 
tests  were  conducted  in  the  25- 1300  °C  temperature  range.  At  ambient  temperature, 
both  the  fine-grained  and  coarse-grained  microstructures  exhibited  excellent  damage 
tolerant  properties.  In  both  cases,  the  failure  is  brittle  up  to  about  1200  °C.  At 
1300  °C,  both  microstructures  exhibited  plastic  deformation  (>  20%)  in  both 
flexure  and  compression.  The  fine-grained  material  exhibited  higher  strength 
compared  to  the  coarse-grained  material  at  all  temperatures.  Although  the  coarse¬ 
grained  material  was  not  susceptible  to  thermal  shock  (up  to  1400  °C),  the  fine¬ 
grained  material  was  found  to  thermal  shock  gradually  between  750°C  and  1000  °C. 
The  results  presented  herein  provide  evidence  for  two  key  aspects  of  the  mechanical 
behavior  of  Ti3SiC2:  (a)  inelastic  deformation  entails  basal  slip  and  damage 
formation  in  the  form  of  voids,  grain  boundary  cracks,  kinking  and  delamination  of 
individual  grains,  and,  (b)  the  initiation  of  damage  does  not  result  in  catastrophic 
failure  because  Ti3SiC2  can  confine  the  spatial  extent  of  the  damage.  This  work  was 
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published  in  the  Journal  of  the  American  Ceramic  Soc.  in  Oct.  1999.  A  reprint  is 
attached  to  the  end  of  this  report. 


iii)  In  this  work,  large-grained,  oriented,  polycrystalline  samples  of  Ti3SiC2  loaded  in 
compression  at  room  temperature  were  shown  to  deform  plastically  [3].  When  the 
basal  planes  were  oriented  in  such  a  way  that  allowed  for  slip,  deformation  occurs 
by  the  formation  of  shear  bands.  The  minimum  critical  resolved  shear  stress  at 
room  temperature  is  ~  36  MPa.  When  the  slip  planes  are  parallel  to  the  applied  load 
-  a  situation  where  ordinary  glide  is  impossible  -  deformation  occurs  by  a 
combination  of  delamination  of,  and  kink  band  formation  in  individual  grains,  as 
well  as  shear  band  formation.  It  is  this  unique  multiplicity  of  deformation  modes 

__  that  allows  the  material  to  deform  plastically  in  any  arbitrary  orientation - _____ 

iv)  The  evolution  of  deformation-microfracture  damage  below  Hertzian  contacts  in  a 
coarse-grainTi3SiC2^  studied  The  Hertzian  indentation  stress-strain  response 
deviates  strongly  from  linearity  beyond  a  well-defined  maximum,  with  pronounced 
strain-softening,  indicating  exceptional  deformability  in  this  otherwise  (elastically) 
stiff  ceramic.  Surface  and  subsurface  ceramographic  observations  reveal  extensive 
quasi-plastic  microdamage  zones  at  the  contact  site^i  These  damage  zones  are  made 
up  ot  multiple  intragrain  slip  and  intergram  shear  failures,  with  attendant 
microfracture  at  high  strains.  No  ring  cracks  or  other  macroscopic  cracks  are 
observed  on  or  below  the  indented  surfaces.  The  results  suggest  that  Ti3SiC2  may 
be  ideally  suited  to  contact  applications  where  high  strains  and  energy  absorption 
prior  to  failure  is  required.  This  work  was  published  in  the  Journal  of  the  American 
Ceramic  Soc.  in  Jan.  1998.  A  reprint  is  attached  to  the  end  of  this  report. 

~~  ^ 

v)  The  ternary  carbide,  Ti3SiC2,  fabricated  by  a  reactive  hot  press  routed investigated 
by  transmission  electron  microscopy,  TEM^jJ?  The  material  consists  mainly  of 
large  elongated  grains  with  planar  boundaries  and  is  characterized  by  a  low  defect 
density.  Dislocations  are  observed  in  the  grains  and  at  grain  boundaries.  Perfect 

_ HicWahnns  with  h  =  1/3  <1120>  lying  in  (0001)  basal  planes  are  present]  These 

^basal  plane  dislocations  are  mobile  ana  multiply  as  a  result  of  room  temperature 
deformation.  All  the  stacking  faults  observed  lie  in  the  basal  planes.  This  work  was 
published  in  the  Journal  of  the  American  Ceramic  Soc.  in  June  1998.  A  reprint  is 
attached  to  the  end  of  this  report. 
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Processing  and  Mechanical  Properties  of  Ti3SiC2: 
I,  Reaction  Path  and  Microstructure  Evolution 

Tamer  El-Raghy*  and  Michel  W.  Barsoum* 
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In  this  article,  the  first  part  of  a  two-part  study,  we  report 
the  reaction  path  and  microstructure  evolution  during  the 
reactive  hot  isostatic  pressing  of  Ti3SiC2,  starting  with  ti¬ 
tanium,  SiC,  and  graphite  powders.  A  series  of  interrupted 
hot  isostatic  press  runs  have  been  conducted  as  a  function 
of  temperature  (1200°-1600°C)  and  time  (0-24  h).  Based 
on  X-ray  diffractometry  and  scanning  electron  microscopy, 
at  1200°C,  the  intermediate  phases  are  TiCx  and  Ti5Si3Cx. 
Fully  dense,  essentially  single-phase  samples  are  fabricated 
in  the  1450°-1700°C  temperature  range.  The  time-tem¬ 
perature  processing  envelope  for  fabricating  microstruc¬ 
tures  with  small  (3-5  pm),  large  (-200  pm),  and  duplex 
grains,  in  which  large  (100-200  pm)  Ti3SiC2  grains  are 
embedded  in  a  much  finer  matrix,  is  delineated.  The  mi¬ 
crostructure  evolution  is,  to  a  large  extent,  determined  by 
(i)  the  presence  of  unreacted  phases,  mainly  TiCx,  which 
inhibits  grain  growth;  (ii)  a  large  anisotropy  in  growth 
rates  along  the  c  and  a  directions  (at  1450°C,  growth  nor¬ 
mal  to  the  basal  planes  is  about  an  order  of  magnitude 
smaller  than  that  parallel  to  these  planes;  at  1600°C,  the 
ratio  is  4);  and  (iii)  the  impingement  of  grains.  Ti3SiC2  is 
thermally  stable  under  vacuum  and  argon  atmosphere  at 
temperatures  as  high  as  1600°C  for  as  long  as  24  h.  The 
influence  of  grain  size  on  the  mechanical  properties  is  dis¬ 
cussed  in  the  second  part  of  this  study. 

I.  Introduction 

Titanium  silicide  (Ti3SiC2)  has  an  unusual  combination  of 
properties.1'*7  It  is  a  better  thermal  and  electrical  conductor 
than  titanium  metal,  quite  resistant  to  thermal  shock,1*2  rela¬ 
tively  light  (4.5  g/cm3),  and  oxidation  resistant.4  Its  hardness  at 
4  GPa  is  anomalously  low  for  a  carbide, l"3*7’9’ 10  and,  despite  its 
excellent  mechanical  properties,  it  is  readily  machinable  using 
regular  high-speed  tool  steels;  no  cooling  or  lubrication  is  re¬ 
quired.  It  recently  has  been  shown  that  very-large-grained,  ori¬ 
ented,  poly  crystal  line  samples  of  Ti3SiC2  loaded  in  compres¬ 
sion  at  room  temperature  deform  plastically  by  a  combination 
of  shear-  and  kink-band  formation.6  The  Hertzian  indentation 
stress-strain  response  deviates  from  linearity  beyond  a  well- 
defined  maximum,  with  pronounced  strain  softening,  indicat¬ 
ing  exceptional  deformability.7 

Although  Ti3SiC2  was  first  synthesized  and  its  structure  was 
determined  in  the  late  1960s,8  its  potential  as  a  useful  structural 
high-temperature  material  was  not  appreciated  mainly  because 
of  the  difficulty  of  fabricating  single-phase,  bulk,  polycrystal¬ 
line  samples.  Some  of  the  earlier  work  was  conducted  on 
chemically  vapor  deposited  (CVD)  samples.911,12  It  is  in  these 
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early  reports  that  the  anomalous  nature  of  the  hardness  was  first 
reported.  Nickl  el  al 1 1  noted  that,  although  the  CVD  samples 
were  soft,  samples  made  via  a  solid-state  reaction  were  not. 
Apart  from  two  papers  in  which  arch-melting  was  used,13-14  in 
most  cases,  processing  involved  a  two-step  process  where  ti¬ 
tanium,  silicon,  and  carbon  powders  or  TiC,  silicon,  and  carbon 
mixtures  were  first  reacted  together  to  form  a  powder  compact 
that  was  subsequently  pulverized,  and  then  hot  pressed  to  yield 
polycrystalline  samples. iai5"1 8  These  procedures,  however,  al¬ 
ways  led  to  mixtures  of  Ti3SiC2,  TiC^,  and  TiSi2  and,  some¬ 
times,  Ti5Si3Cx  and/or  SiC;  the  latter  were  some  of  the  phases 
that  are  thermodynamically  compatible  with  Ti3SiC2.14  Some 
of  the  earlier  work  was  hampered  by  the  belief  that  Ti3SiC2 
dissociated  at  temperatures  >1400°C  and,  consequently,  could 
be  processed  only  at  lower  temperatures.16"18  As  shown  herein, 
this  is  a  misconception:  Ti3SiC2  is  stable  and  can  be  processed 
at  temperatures  as  high  as  1700°C. 

The  purpose  of  this  study  was  to  understand  the  reaction  path 
and  microstructure  evolution  during  the  processing  of  Ti3SiC2 
by  a  reactive  hot  isostatic  pressing  (HIPing)  technique  starting 
with  titanium,  SiC,  and  graphite.  In  the  second  part  of  the 
study,  the  effect  of  grain  size  on  the  mechanical  properties  was 
addressed.1 

II.  Experimental  Details 

This  work  was  conducted  using  high-purity  powder  mixtures 
of  titanium  (-325  mesh,  99.99%  dehydrided;  Alta  Group, 
Golden,  CO),  SiC  ( dm  =  4  p,m,  99.5%;  Performance  Ceramics, 
Peninsula,  OH),  and  carbon  (dm  =  1  pm,  99%;  Aldrich 
Chemical  Co.,  Milwaukee,  WI)  to  yield  a  final  composition 
with  the  appropriate  stoichiometry.  The  powders  were  dry 
mixed  in  a  V-blender  for  2  h,  and  the  mixture  was  cold  pressed 
under  180  MPa  into  69  mm  x  12  mm  x  12  mm  bars.  The 
bars  then  were  encapsulated  in  Pyrex™  glass  tubes  under 
vacuum  and  placed  in  a  HIP.  The  press  was  heated  to  850°C  at 
10°C/min,  under  vacuum.  At  850°C,  enough  argon  was  intro¬ 
duced  into  the  HIP  to  yield  a  pressure  of  ~40  MPa.  The  HIP 
then  was  further  heated  at  the  same  heating  rate  until  the  req¬ 
uisite  temperature  was  reached.  The  processing  temperature 
ranged  from  1450°  to  1700°C.  The  soaking  times  at  tempera¬ 
ture  varied,  but  typically  ranged  from  zero  soak  time  (in  which 
the  HIP  was  turned  off  as  soon  as  the  requisite  temperature  was 
reached)  to  24  h.  Figure  1  summarizes  the  processing  times  and 
temperatures. 

After  HIPing,  the  samples  were  soaked  in  concentrated 
(48%)  HF  to  dissolve  the  encapsulating  glass  (HF  does  not 
dissolve  Ti3SiC2),  sliced  using  a  diamond  wheel,  and  polished 
using  1  p.m  diamond  suspension  for  microscopic  evaluation. 
More  than  15  runs  were  conducted  (see  Fig.  1).  To  expose  the 
grains,  the  polished  samples  were  etched  using  a  1:1:1  by  vol¬ 
ume  HF:HN03:H20  solution  and  observed  under  optical  mi¬ 
croscopy  and  scanning  electron  microscopy  (SEM).  X-ray  dif¬ 
fractometry  (XRD;  scanning  step  (20)  of  0.05°  and  a  scanning 
rate  of  0.1  °/s;  Model  D-500,  Siemens,  Karlsruhe,  Germany) 
was  used  for  phase  identification.  A  drill  was  used  to  obtain 
powders  from  the  bulk  of  the  samples  for  the  XRD  analysis. 
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Fig.  1.  Processing  domains  that  result  in  the  microstructures  shown 
in  Fig.  4.  Fine,  duplex,  and  coarse  microstructures  refer  to  Figs.  4(a), 
(b),  and  (c),  respectively. 


III.  Results  and  Discussion 
(1)  Reaction  Path 

The  effect  of  time  and  temperature  on  the  XRD  patterns  of 
the  phases  that  formed  as  a  result  of  heating  in  the  HIP  are 
summarized  in  Fig.  2.  At  1200°C  and  no  soak  time,  the  main 
phases  present  are  TiCx,  Ti5Si3Cjr,  and  some  unreacted  tita¬ 
nium.  Some  small  peaks  of  Ti3SiC2  are  also  visible.  At  1400°C 
and  no  soak  time,  the  major  and  minor  phases  are  Ti3SiC2  and 
TiCx,  respectively.  Because  the  main  peaks  of  Ti3SiC2  overlap 
those  of  Ti5Si3Cx,  it  is  not  clear  from  the  XRD  data  if  the  latter 
is  present  at  that  temperature.  However,  mass  balance  consid¬ 
erations  dictate  that  TiCx  cannot  be  the  only  secondary  phase 
present,  because  it  contains  no  silicon.  Furthermore,  the  pres¬ 
ence  of  Ti5Si3Cx  at  1400°C  is  confirmed  by  SEM.  Figure  3(a) 
is  a  backscattered  SEM  micrograph  of  a  polished  but  unetched 
cross  section  of  a  sample  HIPed  at  1400°C  and  furnace  cooled. 
The  dark  phase  is  Ti3SiC2,  and  the  light  phase  is  Ti5Si3Cx. 
These  phases  have  been  confirmed  by  energy-dispersive  X-ray 
(EDX)  analysis.  Figure  3(b)  is  a  micrograph  of  a  similar  area 
after  immersion  in  the  etchant  solution  described  above  for  10 
s.  The  appearance  of  the  micrograph  is  not  a  surprise,  because 
it  is  well  established  that  HF  readily  dissolves  silicides;1213 
therefore,  Ti5Si3Cx  readily  dissolves,  leaving  behind  Ti3SiC2. 
This  micrograph  is  important  for  another  reason:  it  suggests 
that  nucleation  and  growth  of  Ti3SiC2  occurs  within  the 
Ti5Si3Cx  phase. 


Fig.  3.  (a)  Backscattered  SEM  micrograph  of  sample  heated  to 

1400°C  and  furnace  cooled.  Light  phase  is  Ti5Si3Cx  and  dark  phase  is 
Ti3SiC2.  (b)  SEM  micrograph  of  similar  area  after  etching  in  solution 
for  10  s.  Ti5Si3CJf  phase  is  leached  out,  leaving  only  Ti3SiC2. 

At  1600°C  and  no  soak  time,  there  is  only  a  small  amount 
(-5  vol%)  of  unreacted  TiCx.  A  4  h  hold  at  1600°C  removes  the 
last  vestiges  of  TiCx  and  results  in  predominantly  (>99%) 
phase-pure,  fully  dense  samples.  This  has  been  corroborated 
with  SEM  backscattered  images  (not  shown)  in  which  the  only 
phase  present  is  Ti3SiC2.  In  some  cases,  2  h  at  1600°C  is 
sufficient  to  obtain  phase-pure  materials. 


Two  Theta 

Fig.  2.  PostHIPing  XRD  patterns  of  reaction  products  as  a  function  of  reaction  temperatures  and  times  ((□)  TiCf,  (V)  Ti  tSiC?,  and  (O)  Ti^Si  *C,). 
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STM  ol  the  interrupted  runs  at  1200  C  ( not  shown  hoie) 
clearly  shows  that  the  reaction  mechanism  is  one  in  which 
carhon  and  silicon  diffuse  into  the  titanium  particles  forming 
TiC,  and  TuSi »(',.  These  phases,  m  turn,  react  to  form  Ti  tNi(\. 
(liven  that  TiC,  and  TisSi,(\  are  intermediate  phases  that  react 
to  form  Ti,Si(\.  an  atomistic  process  wherein  silicon  diffuses 
out  of  the  TisSi,C,  into  TiC,,  concomitant  with  a  counter  dif¬ 
fusion  ol  carhon  out  of  the  TiC,  into  the  TisSi,C,.  must  he 
invoked  (see  Appendix  A)  Here  it  is  assumed  that  the  titanium 
atoms  do  not  diffuse,  which  is  an  excellent  assumption — given 
their  si/e  relative  to  the  carhon  or  silicon  atoms — that  has  been 
indirectly  confirmed  in  our  work  on  the  silicidation  and  car¬ 
burization  of  Ti,SiC2  |  j>  A  similar  conclusion  has  been  reached 
by  Brodkin  a  al.r"  who  have  shown  that,  during  the  heating  of 
titanium.  B4C,  and  graphite  powders,  a  reaction  occurs  first  by 
the  diffusion  of  carbon  into  the  titanium  at  temperatures  as  low 
as  800  C.  followed  by  the  decomposition  of  B4C  and  diffusion 
of  boron  and  carbon  into  the  titanium  and/or  TiC,  particles  to 
form  TiB>  and  Ti  <B4 

The  XRD  results  (Fig.  2)  imply  that  the  reaction  path  for  the 
3:1:2  composition  starting  with  titanium.  SiC.  and  graphite  is 
Ti/TiC,  +  TivSi*C,/TivSiC2/SiC.  This  conclusion  is  in  agree¬ 
ment  with  the  results  of  Wakelkamp  el  cil. . 14  who  have  shown 
that  the  reaction  products  that  form  in  a  Ti-SiC  diffusion 
couple,  after  a  100  h  anneal  at  1250°C,  are  Ti/Ti^Si^C,/ 
TivSi,C,  +  TiC, /Ti vSiC2/SiC.  The  phases  in  both  cases  are 
identical:  their  order,  however,  is  slightly  different.  This  dif¬ 
ference  is  most  likely  attributable  to  the  presence  of  graphite  in 
our  initial  composition,  which  shifts  the  overall  composition 
toward  the  carbon-rich  corner  to  form  TiC,  early  in  the  reaction 
sequence.  It  is  also  instructive  to  compare  the  results  obtained 
here  with  those  obtained  from  Ti-SiC  diffusion  couples  when 
the  source  of  titanium  is  finite  (i.e..  w'hen  using  titanium  foils 
between  Si C  samples).  In  that  case,  the  reaction  products  are 
Ti  ,SiC2.  TiSu.  and/or  Ti5Si^Ct.2l  ::  In  this  work,  TiSi:  has  not 
been  observed,  again  because  of  the  presence  of  the  graphite  in 
the  initial  mix. 

A  not  unrelated  question  is  the  thermal  stability  of  Ti>SiC\. 
As  noted  above,  more  than  one  report  exists  in  the  literature 
claiming  that  Ti*SiC:  dissociates  at  temperatures  as  low  as 
I450cC.lf’  1,s  To  investigate  the  thermal  stability  of  TUSiC2. 
bulk  samples  were  annealed  under  vacuum  (100  Pa)  for  24  hi 
at  l600rC.  In  another  experiment  (-325  mesh)  Ti^SiC2  pow¬ 
ders  were  annealed  under  argon  at  1600°C  for  up  to  4  h.  In  both 
cases,  XRD  indicates  that  Ti^SiC2  is  the  only  phase  present 
after  the  heat  treatments.  More  important,  the  fact  that  some 
samples  have  been  fabricated  at  1700°C  is  irrefutable  evidence 
that  Ti1SiC:  is  stable  at  that  temperature. 

(2)  Microstructure  Evolution 

The  microstructure  evolution  study  was  conducted  in  the 
145()°-160()°C  temperature  range.  The  effect  of  soaking  time 
at  1450'C  on  the  microstructure  is  shown  in  Fig.  4.  After 
K  h  (Fig.  4(a)).  the  microstructure  is  uniform,  with  an  average 
grain  si/e  ol  -4  jim.  After  16  h  (Fig.  4(b)).  a  duplex  micro¬ 
structure.  wherein  -  MX) -200  pm  platehke  grains  with  an  as¬ 
pect  ratio  ot  -  X  are  embedded  in  a  much  finer  matrix,  develops 
Alter  24  h  (Fig.  4(c)).  the  number  of  large  grains  has  increased, 
and  the  microstuicture  is  once  again  more  uniform,  with  an 
average  grain  size  ol  -200  pan.  The  processing  domains 
that  result  in  the  various  microstructures  are  summarized  in 
Fig.  I  Higher  temperatures  and  time  result  in  coarser-grained 
microstructures 

The  microgiaphs  in  Fig.  4  show  that  Ti<Si(\  exhibits  amso 
tropic  and  abnormal  or  exaggerated  gram-growth  behavior. 
Various  reasons  ha\e  been  proposed  to  explain  this  phenom 
enon  anisotropic  surtace  energies  lor  different  civstal  planes, 
layers  ol  impunties  oi  dopant  ions  on  certain  crystallographic 
planes  that  pie\cnt  growth  m  some  directions;  difleicnt  wetting 
ol  anisotropic  gi.uns  with  liquid  phases,  and  anisotropies  in 
grow  th  tlnect  ions 

I  he  mu  mst i udur al  e\  olui mmi  can  lie  undei stood  1 1  it  is  pus 


Fig.  4.  Optical  (unpolari/cd)  micrographs  of  polished  and  etched 
samples  HIPed  at  1450  C  for  (a)  X.  (h)  16.  and  (e)  24  h 


lulated  that  the  unreacted  TiC,  inhibits  grain  growth  and  that 
the  grain -boundary  mobilities  normal  to  the  basal  planes  are 
much  higher  than  those  parallel  to  these  planes  The  evidence 
lor  each  postulate  is  discussed  separately  below. 

To  better  appreciate  the  role  of  TiC'  on  the  miciostrucmral 
evolution,  we  examined  the  microstructure  of  a  sample  that 
was  hot  pressed  in  a  graphite  die  Unlike  the  IlllVd  material, 
the  hot-picssed  samples  contained  sufficient  TiC*.  especially 
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near  the  die  walls,  to  observe  its  pinning  effects.  Figure  5(a)  is 
a  SEM  micrograph  of  a  cross  section  of  a  sample  that  was  hot 
pressed  in  a  graphite  die  for  24  h  at  1600°C.  Even  after  this 
extended  high-temperature  anneal,  the  size  of  grains  adjacent 
to  the  TiC,  surface  layer  is  -10-20  p.m.  The  presence  of  TiC, 
(light  phase)  at  some  of  the  grain  boundaries  is  obvious.  Given 
that  only  a  few  of  the  grain  boundaries  shown  in  Fig.  5(a)  are 
decorated  by  a  distinct  TiC,  phase  and  yet  grain  growth  is 
impeded,  it  is  suspected  that  TiC,  is  present  at  most  grain 
boundaries  as  well,  but  below  the  detectability  limit  of  our 
instrument.  We  are  currently  conducting  a  transmission  elec¬ 
tron  microscopy  (TEM)  study  to  explore  this  issue. 

The  micrograph  shown  in  Fig.  5(b)  is  that  of  a  sample  that 
was  hot-pressed  for  4  h  at  1600°C,  but  far  removed  from  the 
die  walls.  Despite  the  significantly  shorter  time,  the  grains  are 
much  larger  than  in  Fig.  5(a).  These  results  are  typical:  grains 
in  the  vicinity  of  the  graphite  die  walls  never  grow  beyond  the 
10-20  fim  size,  whereas  those  in  the  bulk  typically  grow  to 
100-200  pm  (Fig.  5(b))  after  only  4  h  at  1600°C.  This  corre¬ 
lation  is  so  strong  that  we  currently  use  the  size  of  the  grains 
after  the  high-temperature  anneals  as  an  indication  of  the  lack 
or  presence  of  TiC,  in  the  final  microstructure;  if  they  are 
present  in  sufficient  concentrations,  the  grains  do  not  grow 
larger  than  -20  pm. 


Fig.  5.  Effect  of  TiC,  on  grain  growth  of  Ti3SiC2.  (a)  SEM  micro¬ 
graph  of  area  adjacent  to  graphite  foil  that  reacted  with  Ti3SiC2  to  form 
TiC,  (light  phase).  Sample  was  hot  pressed  for  24  h  at  I600°C.  (b) 
Optical  micrograph  taken  near  the  center  of  a  sample  hot  pressed  for 
4  h  at  I600°C.  Micrograph  also  shows  the  effect  of  TiC(  on  grain- 
boundary  mobility.  Grain  boundary  of  grain  A.  in  which  the  basal 
planes  are  more  or  less  vertical,  is  growing  downward  against  its 
radius  of  curvature  into  the  adjacent  grain  B.  Sliver  of  TiC  shown  on 
right  effectively  blocks  grain-boundary  migration.  (For  a  color  repro¬ 
duction  of  this  micrograph,  sec  cover  of  June  1997  issue  of  the  Journal 
of  the  American  Ceramic  Society. ) 


More-direct  evidence  that  TiC*  inhibits  grain-boundary  mo¬ 
tion  is  shown  in  Fig.  5(b):  the  grain  labeled  A  is  growing 
downward  into  the  adjacent  grain  labeled  B.  The  growth  front, 
however,  is  nonuniform  and  occurs  only  where  TiC,  (white 
sliver  cutting  across  the  right-hand  side  of  the  boundary  be¬ 
tween  grains  A  and  B)  is  absent.  This  observation  also  explains 
how  some  of  the  TiC,  particles  end  up  embedded  in  the  Ti3SiC2 
grains:  the  latter  simply  grow  around  the  former.  In  other  mi¬ 
crographs  (not  shown  here)  we  observe  small  Ti3SiC2  grains 
that  are  totally  embedded  in  much  larger  Ti3SiC2  grains,  as 
long  as  the  smaller  grains  are  sandwiched  on  either  side  by 
TiC,.  The  latter  observation  also  occurs  in  metallic  systems.27 

The  onset  of  exaggerated  grain  growth  at  1450°  and  1600°C 
coincides  with  the  disappearance  of  the  TiC,  peaks  in  the  XRD 
patterns.  In  other  words,  the  exaggerated  grains  start  growing 
only  when  the  reaction  has  proceeded  far  enough  to  reduce  the 
concentration  of  TiC,  below  a  critical  volume,  fraction.  This 
conclusion  is  in  total  accord  with  a  large  body  of  literature  on 
exaggerated  grain  growth  in  metals  that  has  shown  that  the 
likelihood  of  exaggerated  grain  growth  increases  as  the  volume 
fraction  of  second  phases  at  grain  boundaries  becomes  vanish¬ 
ingly  small  (see,  e.g.,  Ref.  26  and  references  therein). 

A  plot  of  the  diameter,  /,  versus  the  widths,  w,  of  isolated 
anisotropic  grains  (defined  as  grains  that  are  not  impinged  on 
any  side  by  other  anisotropic  grains,  i.e.,  grains  that  are  sur¬ 
rounded  by  fine  grains  only)  is  shown  in  Fig.  6(a)  for  two 


(a) 


(b) 


Fig.  6.  (a)  Diameter  (/)  versus  width  (w)  of  isolated  (see  text)  an¬ 

isotropic  grains  for  sample  HIPed  at  I450°C  for  16  h  (see  Fig.  4(b)  for 
typical  microstructure).  Cluster  of  points  in  lower  left-hand  corner 
corresponds  to  grains  in  the  samples  annealed  at  I450°C  for  8  h  (see 
Fig.  4(a)).  (b)  Time  dependence  of  the  maximum  length  (lmaK)  of  the 
exaggerated  grains  as  a  function  of  temperature.  Impingement  at 
I600°C  occurs  in  <2  h.  Circular  points  represent  grains  that  have  been 
impinged.  Approximate  growth  rate  at  this  temperature  is  given  by  the 
slope  of  the  dashed  line. 
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temperatures.  A  least-squares  fit  of  the  straight  line  for  the 
I450°C  results  yields  a  slope,  i.c.,  an  aspect  ratio,  of  9.  The 
cluster  of  points  shown  in  the  lower  left-hand  corner  corre¬ 
sponds  to  grains  in  the  samples  annealed  at  1450°C  for  8  h;  in 
this  regime  there  are  no  exaggerated  grains  and  little  correla¬ 
tion  between  ir  and  /.  A  similar  correlation  between  /  and  w 
exists  for  samples  held  at  1600°C  for  1  h  (dashed  line  in  Fig. 
6(a)).  The  aspect  ratio  in  this  case  is  4  ±  0.5. 

The  lime  dependence  of  the  diameters  of  the  largest  grain, 
/m;ix,  in  a  given  microstructure  is  plotted  in  Fig.  6(b)  as  a 
function  of  temperature.  At  1450°C  (lower  line),  the  points  fall 
on  a  straight  line  with  an  intercept  with  the  x-axis  at  -7  h, 
which  is  consistent  with  observations  that  anisotropic  grains 
are  rarely  observed  after  8  h  anneals  at  I450°C.  Eight  hours  at 
I450°C  is  also  approximately  the  time  at  which  the  TiC,  peaks 
disappear  in  the  XRD  spectra.  Combining  the  results  shown  in 
Figs.  6(a)  and  (b),  the  velocities  at  which  the  interfaces  grow  in 
the  a  and  c  directions  are  calculated  to  be  15  ±  1  and  1 .6  ±  0. 1 
p.m/h,  respectively.  The  results  also  imply  a  linear  growth  rate, 
which  is  expected,  because  the  interfacial  reaction  kinetics 
must  be  rate  limiting;  in  this  single-phase  material,  diffusion 
does  not  play  a  role. 

A  plot  of  /max  versus  time  at  I600°C  is  shown  in  Fig.  6(b). 
In  contrast  with  the  results  at  1450°C,  /max  does  not  increase 
monotonically  with  time,  but  asymptotically  converges  to  -500 
p.m  (hashed  line  labeled  “impingement”  in  Fig.  6(b)).  As  dis¬ 
cussed  below,  the  variation  of  /max  with  time  can  be  directly 
related  to  impingement.  The  largest  grain  after  1  h  at  1600°C  is 
240  p.m  (this  point  is  not  included  in  Fig.  6(a),  because  it  is  not 
an  isolated  grain).  Combining  these  results  with  those  in  Fig. 
6(a),  the  boundary  velocities  in  the  a  and  c  directions  at  1600°C 
are  calculated  to  be  -120  and  30  p.m/h,  respectively.  The  ra¬ 
tionale  for  using  only  the  1  h  datum  point  and  the  origin  to 
establish  the  boundary  velocity  is  the  following:  At  1600°C  and 
no  hold,  typically  none  of  the  grains  are  exaggerated.  It  follows 
that  any  line  passing  through  the  1  h  datum  point  should  in¬ 
tersect  positive  values  of  the  x-axis.  The  dashed  line  shown  in 
Fig.  6(b)  passes  through  the  origin,  and,  thus,  the  calculated 
velocity  reported  is  a  conservative  number;  the  actual  velocity 
is  probably  slightly  higher.  More  supporting  evidence  is  pre¬ 
sented  below. 

The  final  grain  size  to  which  the  exaggerated  grains  grow  is 
determined  by  their  impingement  against  each  other.  After  a  2 
h  hold  at  1600°C,  most  of  the  large  grains  have  been  impinged 
on  by  other  anisotropic  large  grains.  At  longer  times,  /max 
reaches  an  asymptotic  value  of  -500  p.m,  as  shown  in  Fig.  6(b) 
(hashed  line).  In  support  of  this  conclusion,  we  have  shown  that 
a  forging  operation  early  in  the  processing  cycle  aligns  the 
grains.6  Once  aligned,  the  grains  grow  to  millimeter  sizes  in  a 
chevron  pattern,  as  shown  in  Fig.  7.  This  sample  was  annealed 
at  I600°C  for  24  h.6  In  these  runs,  the  final  grain  size  was 
limited  by  the  thickness  of  the  samples.  The  longest  grains, 
however,  were  -4  mm.6  This  datum  point  is  shown  in  Fig.  6(b) 
(top  right)  and  is  below  the  dashed  line.  Joining  the  first  two 
data  points  (i.e.,  at  1  and  2  h)  in  Fig.  6(b)  at  I600°C  would 


Fig.  7.  Optical  (unpolari/.ed)  micrograph  of  polished  and  etched 
sample  hot  pressed  at  1600°C  for  24  h.  after  orienting  the  grains  by 
lorging/’  This  sample  and  the  one  shown  in  Fig.  5(a)  arc  of  the  same 
run  but  different  locations.  Former  was  taken  adjacent  to  the  graphitic 
die  wall.  This  micrograph  is  of  an  area  near  the  center  of  the  sample. 


result  in  a  line  whose  extension  would  lie  below  the  24  h  point 
and  intercept  the  x-axis  at  negative  times.  Similarly,  the  datum 
point  at  I  h  would  be  outside  a  line  joining  the  24  h  point  to  the 
origin.  These  observations  emphasize  once  again  that  (i)  the 
use  of  the  I  h  datum  point  to  estimate  the  boundary  velocity  at 
I600°C  is  valid  and  conservative,  (ii)  grain  impingement  is 
what  determines  the  final  grain  length,  and  (iii)  the  exaggerated 
grains  start  growing  at  about  the  lime  I600°C  is  reached.  The 
latter  conclusion  is  in  accord  with  our  XRD  results  and  other 
microstructural  observations. 

The  widths  of  the  grains  shown  in  Fig.  7  are  significantly 
narrower  than  anticipated  based  on  the  boundary  velocity  es¬ 
timated  above.  The  aspect  ratios  are  typically  >20,  and  closer 
to  30.  Once  again,  impingement  of  the  anisotropic  grains — an 
impingement  between  adjacent  grains  in  this  case — controls 
their  width.  Figure  7  shows  that  most  of  the  boundaries  formed 
appear  to  be  low-angle  grain  boundaries;  once  formed,  these 
boundaries  do  not  migrate.  The  micrographs  shown  in  Figs. 
5(a)  and  7  are  of  the  same  run,  but  different  areas:  Fig.  5(a)  is 
of  a  region  near  the  die  walls  and  Fig.  7  is  near  the  center  of  the 
sample. 

Given  the  structure  of  Ti3SiC2,  the  anisotropy  in  growth  is 
not  too  surprising.  The  layered  nature  of  this  material  and  the, 
presumably,  atomic  smoothness  of  the  basal  planes  make  it 
difficult  for  atoms  to  attach  themselves  to  that  interface,  hence 
slowing  their  mobility.  This  problem  is  not  unlike  the  growth 
of  coherent  precipitates  normal  to  the  habit  planes  in  metallic 
systems. 28-31  In  other  words,  the  accommodation  coefficients 
normal  to  habit  planes  are  approximately  zero,  which,  in  turn, 
reduces  the  growth  rates  for  precipitate  thickening.  The  solu¬ 
tion  to  the  problem,  first  proposed  by  Aaronson,28  and  since 
verified,30*31  is  to  form  ledges  or  steps  on  the  broad  face  of  the 
precipitates.  Atoms  can  then  add  to  the  riser  of  the  ledge. 
Consistent  with  this  picture  is  that  the  aspect  ratio  decreases 
with  increasing  temperature  (Fig.  6(a)),  presumably,  as  a  result 
of  the  higher  interface  roughness  at  elevated  temperatures. 

The  microstructure  shown  in  Fig.  5(b)  reveals  that  some  of 
the  large  anisotropic  grains  grow  into  adjacent  grains  against 
their  radii  of  curvature.  For  example,  grain  A  in  Fig.  5(b)  is 
growing  downward  against  its  radius  of  curvature,  which  con¬ 
clusively  eliminates  curvature  as  a  driving  force. 

At  this  time,  why  some  grains  start  to  grow  anisotropically  is 
unclear  and  requires  more  work.  This  conclusion  notwithstand¬ 
ing,  it  is  instructive  to  compare  the  microstructures  observed  in 
this  work  with  those  of  the  two-dimensional  Monte  Carlo  com¬ 
puter  simulations  of  anisotropic  grain  growth  in  ceramics  re¬ 
ported  by  Kunaver  and  Kolar.24  In  that  work,  a  few  anisotropic 
grains  were  embedded  in  a  matrix  of  normally  growing  grains 
and  allowed  to  grow.  The  anisotropic  grains  were  assumed  to 
have  higher  energies  along  one  direction  and  lower  energies 
along  an  orthogonal  direction,  relative  to  the  average  energy  of 
the  atoms  in  the  fine-grained  matrix.  It  was  only  by  making  that 
assumption  that  faceted  anisotropic  grains,  not  unlike  the  ones 
shown  in  Fig.  4(b),  grew  in  the  simulated  microstructures. 

The  simulated  microstructures  and  the  microstructures 
shown  here  have  some  striking  similarities,  both  in  the  overall 
time  evolution  of  the  microstructure  and  in  many  of  the  details. 
For  example,  in  both  microstructures,  grains  that  grow  against 
their  radii  of  curvature  and  interpenetrate  other  abnormal  grains 
are  present.  The  simulations  also  show  that  the  final  micro¬ 
structure  is  controlled  by  grain  impingement,  a  conclusion  that 
is  in  total  accord  with  our  observations.  Although  a  simulation 
can  never  prove  or  disprove  a  given  mechanism,  the  good 
qualitative  agreement  between  the  model  and  the  experiment 
suggests  that  there  is  merit  in  the  assumptions  made  by  Ku¬ 
naver  and  Kolar.24 


IV.  Summary  and  Conclusions 

The  reactive  HIPing  of  titanium,  SiC,  and  graphite  powders 
is  a  viable  technique  to  fabricate  single-phase,  fully  dense. 
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polycrystalline  samples  of  Ti3SiC2  with  a  variety  of  micro- 
structures.  TiCr  and  Ti5Si3CT  are  intermediate  phases  during 
the  reaction,  which  implies  that  the  reaction  path  is  Ti/TiCt/ 
Ti5Si3Ct/Ti3SiC2/SiC.  Dense,  single-phase  Ti3SiC2  samples 
can  be  produced  over  a  wide  range  of  temperatures  (1450°- 
1700°C)  and  times  (1-8  h,  depending  on  temperature).  Ti3SiC2 
exhibits  exaggerated  and  anisotropic  grain  growth.  At  1450°C, 
the  grain-boundary  mobility  ratio  parallel  and  normal  to  the 
basal  planes  is  9;  at  1600°C  the  ratio  decreases  to  4.  TiCv 
reduces  grain-boundary  mobility.  The  growth  of  the  aniso¬ 
tropic  grains,  and  the  coarsening  of  the  microstructure  in  gen¬ 
eral,  occurs  only  when  the  concentration  of  the  TiCr  decreases 
below  a  certain  critical  level.  Depending  on  time  and  tempera¬ 
ture,  three  distinct  microstructures  can  evolve:  fine  grained 
(3-5  pirn),  duplex  (where  coarse  anisotropic  grains  are  dis¬ 
persed  in  a  finer  matrix),  or  coarse  grained  (100-200  jim). 
Ti3SiC2  is  thermally  stable  at  temperatures  as  high  as  1700°C 
under  vacuum  and  argon  atmospheres. 


Appendix  A 

Table  AI  outlines  a  possible  reaction  sequence  to  account  for 
the  reaction  sequence  outlined  above.  Initially,  carbon  diffuses 
into  the  titanium,  forming  TiC0.5  (reaction  I).  Simultaneously, 
silicon  and  carbon  diffuse  into  titanium  to  form  Ti5Si3Cx  and 
reject  carbon.  Once  these  two  phases  are  formed  and  if  it  is 
assumed  that  the  titanium  atoms  do  not  diffuse  into  this  system, 
silicon  must  diffuse  out  of  Ti5Si3Cx  to  form  Ti3SiC2  (reaction 
III).  This  reaction  sequence  is  not  necessarily  the  one  that 
occurs;  the  exact  reaction  sequence  cannot  be  determined  from 
our  results.  It  is  presented  here  more  as  an  exercise  that  iden¬ 
tifies  what  atoms  have  to  diffuse  through  which  phases  to 
obtain  Ti3SiC2.  However,  assuming  only  the  diffusion  of  car¬ 
bon  and  silicon  atoms,  this  is  a  valid  model  to  describe  the 
nucleation  and  growth  of  Ti3SiC2  within  the  Ti5Si3C  phase 
field. 


Table  AI.  Proposed  Reaction  Sequence  to  Account  for  the 
Formation  of  TiCx  and  TisSi3Cx  during  Reaction  Synthesis 

Reaction  Remarks 


4  4  1 

“Ti  +  C  — >  -TiQj  5  +  -C 

5  1  2 
-Ti  +  SiC  ->  -Ti5Si3C  +  -C 


4  4  2  4 

-TiCo5  +  -Si  +  ^C->-Ti3SiC2 


1  7  5  4 

-Ti5Si3C  +  -C->~Ti3SiC2  +  -Si 


3Ti  +  SiC  +  C  — >  Ti3SiC2 


Free  carbon  reacts  with 
I  titanium,  forming 

TiC0  s 

SiC  reacts  with 
II  titanium,  forming 
Ti5Si3C  and  TiCo  3 
and  rejecting  carbon1 
Rejected  atoms  from 
III1  reaction  IV  diffuse 
into  TiCo  5,  forming 
Ti3SiC2  and  rejecting 
carbon 

Rejected  carbon  atoms 
IV1  from  reactions  I.  II, 
and  III  diffuse  into 
Ti5Si3C,  forming 
Ti3SiC2  and  rejecting 
silicon,  which  is  used 
in  reaction  III 
Net  overall  reaction 


’For  the  sake  of  simplicity,  x  in  Ti5Si3C,  is  assumed  to  be  l.32  ^Reactions  III  and 
IV  occur  simultaneously. 
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In  this  article,  the  second  part  of  a  two-part  study,  we 
report  on  the  mechanical  behavior  of  Ti3SiC2.  In  particu¬ 
lar,  we  have  evaluated  the  mechanical  response  of  fine¬ 
grained  (3-5  pm)  Ti3SiC2  in  simple  compression  and  flex¬ 
ure  tests,  and  we  have  compared  the  results  with  those  of 
coarse-grained  (100-200  pm)  Ti3SiC2.  These  tests  have 
been  conducted  in  the  25°-1300°C  temperature  range.  At 
ambient  temperature,  the  fine-  and  coarse-grained  micro¬ 
structures  exhibit  excellent  damage-tolerant  properties.  In 
both  cases,  failure  is  brittle  up  to  ~1200°C.  At  1300°C,  both 
microstructures  exhibit  plastic  deformation  (>20%)  in  flex¬ 
ure  and  compression.  The  fine-grained  material  exhibits 
higher  strength  compared  with  the  coarse-grained  material 
at  all  temperatures.  Although  the  coarse-grained  material 
is  not  susceptible  to  thermal  shock  (up  to  1400°C),  the  fine¬ 
grained  material  thermally  shocks  gradually  between  750° 
and  1000°C.  The  results  presented  herein  provide  evidence 
for  two  important  aspects  of  the  mechanical  behavior  of 
Ti3SiC2:  (i)  inelastic  deformation  entails  basal  slip  and 
damage  formation  in  the  form  of  voids,  grain-boundary 
cracks,  kinking,  and  delamination  of  individual  grains,  and 
(ii)  the  initiation  of  damage  does  not  result  in  catastrophic 
failure,  because  Ti3SiC2  can  confine  the  spatial  extent  of  the 
damage. 

I.  Introduction 

Recently,  we  have  reported  on  the  fabrication  and  charac¬ 
terization  of  fully  dense,  bulk,  single-phase  polycrystalline 
samples  of  Ti3SiC2.1-9  This  ternary  compound  exhibits  a 
unique  combination  of  properties.  It  is  a  layered  material  that  is 
as  machinable  as  graphite.2'5  At  the  same  time,  coarse-grained 
(100-300  p,m)  samples  of  Ti3SiC2  have  been  observed  to  be 
damage  tolerant,3  not  susceptible  to  thermal  shock,2  and  oxi¬ 
dation  resistant  4  This  material  exhibits  brittle  failure  charac¬ 
teristics  at  room  temperature,  but  is  plastic  at  1300°C  with 
“yield"  points  of  300  and  100  MPa  in  compression  and  flexure, 
respectively.2-5  The  strains  to  failure  at  I300°C  in  the  coarse¬ 
grained  Ti3SiC2  typically  are  >20%,  even  in  the  flexure  tests.5 
The  coarse-grained  Ti^SiC2  exhibits  a  fracture  toughness  of 
~6.0  MPa*m,/2  (which  is  excellent  for  a  layered  material3)  and 
a  hardness  of  4  GPa  (which  is  a  function  of  indentation 
load-3  7).  The  surface  hardness  can  be  significantly  enhanced 
by  reacting  Ti3SiC2  with  carbon  to  form  TiC  surface  layers: 
reaction  with  silicon,  on  the  other  hand,  enhances  the  oxidation 
resistance  and  the  surface  hardness.6  The  Hertzian  indentation 
stress-strain  response  on  this  material  deviates  strongly  from 
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linearity  beyond  a  well-defined  maximum,  with  pronounced 
strain  softening,  indicating  unusual  deformability  in  an  other¬ 
wise  elastically  stiff  material.7 

Apart  from  the  work  cited  above,  there  are  no  other  reports 
in  the  literature  dealing  with  the  mechanical  properties  of 
phas Q-pure,  bulk,  polycrystalline  samples  of  Ti3SiC2.  Some 
of  the  earliest  work  was  conducted  on  chemically  vapor  de¬ 
posited  (CVD)  single-crystal  samples.10'11  It  is  in  these  early 
reports  that  the  hardness  and  anisotropy  are  first  reported. 
There  are  many  studies  reporting  the  mechanical  properties 
of  Ti3SiC2  samples  containing  various  volume  fractions  of 
TiCv  and/or  other  titanium  silicides. 12-17  Pampuch,  Lis,  and 
co-workers  I2“!  5  have  tested  samples  containing  10-20  voI% 
TiC,  and  they  have  reported  Young’s  and  shear  moduli  to  be 
326  and  135  GPa,  respectively.13  They  also  measured  the  hard¬ 
ness  of  Ti3SiC2-TiC  composites  as  a  function  of  TiC  content 
and  estimated  that  the  hardness  of  pure,  polycrystalline  Ti3SiC^ 
to  be  ~4  GPa.14  Most  recently,  they  fabricated  hot-pressed 
Ti3SiC2-TiC  composites  with  ~T5  vol%  TiC  and  reported  com¬ 
pressive  and  three-point  bend  strengths  of  1120  ±  270  and 
350  ±  63  MPa,  respectively.15  Okano  and  co-workers16,17  stud¬ 
ied  bulk,  95%  dense  samples  that  contained  some  secondary 
phases  (TiCv  and  titanium  silicides),  and  they  reported  a  flex¬ 
ural  strength  of  580  MPa  and  a  fracture  toughness  of  6.9 
MPa-m,/2  at  ambient  temperature.  Okano  and  co-workers  re¬ 
ported  large  plastic  deformation  in  samples  tested  at  1200°C, 
which  they  have  attributed  to  the  presence  of  a  grain-boundary 
phase. 

More  recently,  we  have  shown  that  very-large-grained  (3-4 
mm),  oriented,  polycrystalline  samples  of  Ti3SiC2  loaded  in 
compression  at  room  temperature  deform  plastically,8  even 
when  the  basal  planes  are  aligned  parallel  to  the  applied  load. 
The  deformation  occurs  by  a  combination  of  delamination  of 
individual  grains,  and  kink-  and  shear-band  formation.  It  is  this 
multiplicity  of  deformation  modes  that  is  responsible  for  the 
level  of  plastic  strain  observed.  The  kinking  referred  to  here 
was  first  proposed  by  Orowan18  to  explain  deformation  modes 
in  some  hexagonal  single  crystals.  Later  Hess  and  Barrett19  and 
Frank  and  Stroh20  outlined  how  the  creation  of  pairs  of  dislo¬ 
cations  of  opposite  signs  and  their  motion  in  opposite  direc¬ 
tions  could  account  for  the  macroscopic  observations.  Hess  and 
Barrett  also  reported  that  these  kink  bands  would  be  expected 
only  in  those  crystals  that  are  not  subject  to  twinning  as  a  result 
ol  compressive  stresses.  This  includes  hexagonal  metals  or 
alloys  having  an  axial  da  ratio  >1.73.  Thus,  it  is  not  surprising 
that  Ti3SiC2,  which  is  hexagonal  with  a  da  ratio  of  5.76,21 
deforms  via  this  mechanism. 

Transmission  electron  microscopy  (TEM)  observations  have 
confirmed  that  basal-plane  dislocations  multiply  and  are  mo¬ 
bile  at  room  temperatures.9  Recently,  a  dislocation-based 
model  that  builds  on  earlier  ideas  of  kink-band  formation18-20 
has  been  presented  to  explain  deformation  in  Ti3SiC2.22  The 
basic  elements  ol  the  model  are  shear  deformation  by  disloca¬ 
tion  arrays,  cavitation,  creation  of  dislocation  walls  and  kink 
boundaries,  buckling  ol  grains  or  parts  thereof,  and  delamina¬ 
tion.  Most  important,  the  nature  of  the  damage — which  mostly 
occurs  in  the  form  of  delaminations — is  such  that  it  remains 
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localized  and  bounded  by  the  kink  boundaries.  It  is  this  con¬ 
tainment  of  damage  that  is  important  in  endowing  Ti3SiC2 — 
and,  by  extension,  related  ternary  carbides — with  the  damage- 
tolerant  properties  discussed  herein. 

Most,  if  not  all,  of  the  properties  studies  reported  to  date 
have  been  conducted  on  large-grained  samples.2-8  The  purpose 
of  this  work  is  to  study  the  effect  of  grain  size  on  compressive 
and  flexural  strengths,  and  the  thermal  shock  resistance  of 
Ti3SiC2  in  the  25°~1300°C  temperature  range. 

II.  Experimental  Details 

The  procedures  for  fabricating  Ti3SiC2  samples  with  differ¬ 
ent  grain  sizes  were  discussed  in  Part  I  of  this  work.1  Briefly, 
titanium,  SiC,  and  graphite  powders  were  reactively  hot  iso- 
statically  pressed  (HIPed)  at  1450°  and  1600°C  for  4  h  to 
produce  fine-  and  coarse-grained  microstructures,  respectively. 
For  the  sake  of  brevity,  fine  grained  and  coarse  grained  are 
henceforth  abbreviated  FG  and  CG.  Typical  microstructures 
are  shown  in  Figs.  4(a)  and  (c)  in  Part  I  of  this  paper.1  X-ray 
diffractometry  (XRD)  and  scanning  electron  microscopy 
(SEM)  of  the  samples  fabricated  at  1450°C  showed  that  they 
contained  ~3  vol%  of  TiC*.  The  time  at  1450°C  was  intention¬ 
ally  kept  short  (4  h)  to  ensure  that  the  sample  was  free  of 
abnormal  grains,  some  of  which  are  shown  in  Fig.  4(b)  in  Part 
l.1  The  presence  of  large  grains,  in  an  otherwise  fine  matrix, 
affected  the  measured  strengths  adversely. 

After  HIPing,  the  surfaces  of  the  samples  were  machined  to 
remove  the  layer  contaminated  by  the  glass  or  the  HF  used  to 
dissolve  the  glass.  Cubes,  2  mm  x  2  mm  x  2  mm,  were  ma¬ 
chined  using  a  fine-grit,  high-speed  diamond  wheel  for  the 
room-  and  elevated-temperature  compression  tests.  The  bend 
bars  were  tested  as  machined;  no  beveling  of  the  edges  or  other 
polishing  was  deemed  necessary.  The  choice  of  cubic  rather 
than  the  more-appropriate  cylindrical  samples  for  the  compres¬ 
sion  experiments  was  made  because  of  the  ease  of  machining 
of  the  former.  This  resulted  in  a  minor  artificial  increase  in 
the  stress  to  failure  and  a  decrease  in  the  apparent  plasticity 
observed. 

The  specimens  for  the  four-point  bend  tests  and  the  thermal 
shock  measurements  conformed  to  ASTM  Cl  161 +  type  A  (25 
mm  x  2  mm  x  1.5  mm)  samples.  The  flexure  strength  (a)  was' 
calculated  using  the  following  relation: 


where  P  is  the  load  at  fracture,  and  /,  and  l2  the  outer  and  the 
inner  spans,  respectively.  A  SiC  fixture  with  an  outer  span  of 
20  mm  and  an  inner  span  of  10  mm  was  used.  B  is  the  specimen 
width  (2  mm)  and  W  the  specimen  thickness  (1.5  mm).  The 
rollers  were  free  to  rotate  but  were  not  free  to  move  in  this 
setup.  For  tests  where  the  specimen  exhibited  inelastic  defor¬ 
mation,  P  was  taken  as  the  load  at  the  onset  of  nonlinearity  in 
the  load-displacement  curve  (see  Figs.  1(a)  and  (b)).  Typically, 
three  samples  were  used  at  each  temperature  and  loading 
condition. 

A  servo-hydraulic  testing  machine  (MTS  Systems,  Eden 
Prairie,  MN)  was  used  for  all  tests.  The  crosshead  speed  was 
0.01  mm/s,  which  corresponds  to  a  nominal  strain  rate  of 
0.005/s.  All  tests  were  conducted  in  air.  The  presence  of  a  thin 
oxide  layer,  which  never  exceeded  100  pm,  was  ignored  in  the 
stress  calculations,  and,  consequently,  the  stresses  reported 
here  are  underestimates  of  the  actual  stresses,  especially  at 
1300°C,  by  as  much  as  10%. 

The  microhardness  was  measured  (Model  M-400,  LECO 


Fig.  1.  Typical  engineering  stress-strain  curves  as  a  function  of  tem¬ 
perature  and  grain  size  in  (a)  compression  and  (b)  four-point  flexure. 
Unless  otherwise  noted,  the  curves  are  for  the  FG  microstructure.  In 
both  cases,  below  1200°C,  the  failure  is  brittle,  whereas  above  1200°C, 
the  failure  is  plastic,  with  significant  plasticity. 


Co.,  St.  Joseph,  MI)  at  0.5,  1,  5,  and  10  N.  The  hardness  was 
calculated  by  averaging  at  least  10  measurements  at  each  load. 
To  measure  the  damage  tolerance,  Vickers  hardness  indenta¬ 
tions,  using  loads  of  0,5,  5,  10,  100,  and  300  N,  were  intro¬ 
duced  on  the  tensile  surface  of  the  flexural  samples,  which 
were  then  loaded  to  failure.  At  least  three  samples  were  used  at 
each  indentation  load. 

For  the  thermal  shock  measurements,  the  furnace  was  pre¬ 
heated  to  the  desired  temperature  (Tq)  and  the  cold  samples 
were  inserted,  held  at  temperature  for  -10  min,  and  quenched 
in  ambient-temperature  (25°C)  water.  The  postquench  retained 
flexural  strengths  were  measured  as  a  function  of  the  severity 
of  the  quench,  or  AT  =  Tq  -  Twaler.  Three  samples  were  used 
for  each  quenching  temperature. 


’"Standard  Test  Method  for  Fiexura!  Strength  of  Advanced  Ceramics  al  Ambient 
Temperature."  ASTM  Designation  Cl  161-94.  American  Society  for  Testing  and  Ma¬ 
terials.  West  Conshohocken,  PA. 

/ 


III.  Results 

Typical  engineering  stress-strain  curves  measured  in  com¬ 
pression  are  shown  in  Fig.  1(a)  for  three  different  temperatures 
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Table  I.  Effect  of  the  Purity  of  SiC  Starting  Powders  on 
Flexural  and  Compressive  Strength _ 


Temperature 

CO 

Compression  (MPa) 

Four-point  flexure  (MPa) 

Low-purity 

High-purity 

Low-purity 

High-purity 

25 

600 

720 

260 

320 

1300 

260 

330 

60 

100 

'Grains  were  large  in  both  microstructures. 


and  the  two  grain  sizes  described  earlier.  Typical  load 
displacement  data  from  the  flexure  tests  are  shown  in  Fig.  1(b). 
To  convert  the  load-displacement  data  from  the  flexure  tests  to 
stress-strain  data,  we  need  reliable  information  on  the  post¬ 
yield*  behavior  of  this  material  in  tension  and  compression. 
The  asymmetry  between  tension  and  compression  is  expected 
to  result  in  a  shift  of  the  neutral  axis.  The  quantitative  relation 
between  strength  and  damage  evolution  is  a  prerequisite  for  the 
interpretation  of  the  bending  results.  Because  this  information 
is  currently  unavailable,  we  have  presented  the  data  from  flex¬ 
ure  tests  in  their  raw  form.  We  have,  however,  computed  and 
reported  values  of  flexure  strength  in  Table  I  from  this  data 
using  Eq.  (1)  and  the  load  value  at  the  deviation  from  the  linear 
portion  of  the  load-displacement  curve. 

In  compression,  below  1200°C,  the  stress— strain  curve  is 
linear  to  failure,  with  a  failure  stress  that  decreases  with  in¬ 
creasing  grain  size  (Fig.  1(a)).  At  1200°C,  the  permanent  strain 
at  failure  is  -2.5%.  No  significant  differences  in  the  strains  to 
failure  at  1200°C  are  observed  for  the  FG  and  CG  microstruc¬ 
tures.  At  1300°C,  significant  levels  of  plastic  strain  are  attained 
(Figs.  1(a)  and  (b)).  The  ends  of  the  curves  in  Figs.  1(a)  and  (b) 
for  the  tests  at  1300°C  do  not  represent  fracture;  the  tests  were 
simply  interrupted.  In  this  work,  the  brittle-to-plastic  transition 
temperature  is  defined  as  the  temperature  at  which  the  strain  to 
failure  exceeds  -2%);  it  does  not  signify  the  activation  of  five 
independent  slip  systems.  Recent  results  have  shown  that  the 
temperature  at  which  the  transition  occurs  and  the  yield 
points  in  tension  are  functions  of  strain  rate.23  ^ 

The  stress-strain  response  in  simple  compression  at  1300°C 
(Fig.  1(a))  exhibits  three  stages  (indicated  by  regions  I,  II,  and 
III  in  the  insert  in  Fig.  1(a)):  (i)  an  elastic  regime;  (ii)  a  transient 
apparent  “hardening”  regime  with  a  strong  increase  in  stress 
over  a  small  strain  (80  MPa  over  1%  and  100  MPa  over  2%  for 
the  CG  and  FG  materials,  respectively);  and  (iii)  a  distinct 
softening  regime  until  the  end  of  the  test.  The  measured  load- 
displacement  plot  for  the  flexure  test  at  1300°C  (Fig.  1(b))  also 
exhibits  a  distinct  softening  regime  (load-drop)  followed  by  a 
regime  in  which  the  load  increases  significantly.  Although  this 
feature  was  highly  repeatable  in  the  flexure  tests  at  1300°C,  it 
could  have  been  an  artifact  of  the  experimental  procedure. 

The  computed  compressive  and  flexure  strengths  (using  the 
load  value  at  deviation  from  the  linear  portion  of  the  data  in 
Figs.  1(a)  and  (b))  for  the  FG  and  CG  materials  at  different  test 
temperatures  are  summarized  in  Figs.  2(a)  and  (b).  At  all  tem¬ 
peratures,  the  FG  material  is  stronger  than  the  CG  material,  and 
the  compressive  strength  is  higher  than  the  flexural  strength.  A 
large  decrease  in  strength  at  ~1200°C  is  observed  for  FG  and 
CG  microstructures  in  compression  and  flexure. 

Figure  3(a)  summarizes  the  microhardness  measurements  for 
the  FG  and  CG  microstructures.  At  higher  loads  (100  N),  the 
hardness  is  4  GPa  and  independent  of  the  grain  size.  The  criti¬ 
cal  indentation  load  at  which  hardness  becomes  independent  of 
the  indentation  load  is  influenced  by  the  grain  size  and  is 
typically  larger  for  a  larger-grain-sized  material. 

The  measured  values  of  the  retained  flexure  strength  after 


*ln  this  article,  the  term  “yield  stress’*  is  used  for  the  stress  at  which  the  stress 
strain  curve  deviates  from  linearity.  This  stress  level  does  not  imply  uniform  plastic 
deformation  due  to  crystallographic  slip,  but.  rather,  the  initiation  of  damage,  which, 
in  turn,  allows  for  inelastic  deformation  (see  Discussion). 
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Fig.  2.  Effect  of  grain  size  and  temperature  on  (a)  compressive 
strength  and  (b)  flexural  strength  of  Ti3SiC2. 


the  Vicker’s  indentations  are  summarized  as  a  log-log  plot  in 
Fig.  3(b)  for  both  microstructures.  The  hatched  area  on  the  left 
represents  the  strength  of  the  samples  as  a  result  of  natural 
flaws.  In  contrast  with  the  FG  material,  for  which  the  retained 
strength  decreases  immediately  with  increasing  indentation 
load,  the  CG  material  exhibits  a  plateau  at  low  loads. 

Figure  4  summarizes  the  thermal  shock  resistance  measure¬ 
ments  for  both  the  FG  and  CG  samples.  Although  the  CG 
samples  are  not  susceptible  to  thermal  shock  (the  data  actually 
suggests  a  small  increase  in  the  post-thermal-shock  flexure 
strength  after  quenching  from  1400°C;  see  Fig.  4),  the  FG 
samples  show  a  decrease  in  flexure  strength  of  -10%  and  50% 
for  a  AT  of  750°  and  1000°C,  respectively. 


IV.  Discussion 

As  described  in  our  previous  work,  CG  samples  of  Ti3SiC2 
exhibit  an  unusual  combination  of  properties.2-5  Ti3SiC2  ex¬ 
hibits  plastic  deformation  at  high  temperatures,  low  hardness, 
damage  tolerance,  machinability,  and  thermal  shock  resis¬ 
tance,2  and  it  exhibits  brittle  failure  characteristics  at  room 
temperature,  high  Young’s  modulus,  thermal  stability,  and  oxi¬ 
dation  resistance.2"6  The  results  presented  here  confirm  that 
most  of  these  characteristics  are  also  exhibited  by  the  FG 
samples  of  Ti3SiC2,  albeit  at  higher  stress  levels.  The  most 
significant  difference  in  the  overall  mechanical  behaviors  of 
the  FG  and  CG  microstructures  is  in  their  thermal  shock  resis¬ 
tance  properties.  Figure  4  indicates  that,  although  the  CG 
samples  are  not  susceptible  to  thermal  shock,  the  FG  samples 
are.  However,  unlike  most  carbides  and  silicides  of  titanium, 
the  FG  samples  seem  to  thermal  shock  gradually  over  a  500°C 
temperature  range.  As  discussed  in  more  detail  below,  this  is 
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Fie  3  Ca)  Effect  of  grain  size  on  Vickers  hardness  as  a  function  of  applied  load.  For  both  microstructures,  the  asymptotic  hardness  value  is  4  GPa. 
(b)Four-point  flexuraf strength  versus  indentation  load.  Inclined  dashed  line  has  a  slope  of-1/3,  which  is  the  expected  behavior  for  a  perfectly  brittle 
material.25  Hatched  area  on  the  left  represents  the  strength  of  the  samples  as  a  result  of  natural  flaws. 


Fig.  4.  Effect  of  grain  size  on  thermal  shock  resistance.  CG  samples 
are  not  susceptible  to  thermal  shock  up  to  1400°C.  FG  material  thermal 
shocks  between  750°  and  1000°C. 


directly  attributable  to  the  damage  tolerance  exhibited  by 
Ti3SiC2. 

The  data  presented  in  Figs.  1  and  2  introduce  some  funda¬ 
mental  questions  on  the  physical  origin  of  the  brittle-to-plastic 
transition  that  occurs  at  ~1200°C  in  the  CG  and  FG  micro- 
structures.  This  transition  is  attributable  to  potentially  one  of 
the  following  three  sources,  each  of  which  is  discussed  in  some 
detail  below:  (i)  the  activation  of  a  new  slip  system,  in  addition 
to  slip  on  the  basal  planes;  (ii)  an  increase  in  the  ease  of  kinking 
and  accompanying  lattice  rotation  of  individual  grains  as  a 
result  of  thermal  activation;  and  (iii)  the  presence  of  small 
quantities  of  viscous  grain-boundary  films. 

Based  on  preliminary  transmission  electron  microscopy 
(TEM)  observations  on  samples  that  were  deformed  at  1300°C, 
no  evidence  has  been  found  for  a  second  family  of  slip  systems. 
However,  because  of  the  preliminary  nature  of  the  TEM  ob¬ 
servations,  a  second  family  of  slip  systems,  although  highly 
unlikely,  cannot  be  totally  ruled  out  at  this  time. 

Given  the  critical  role  kinking  and  delamination  of  indi¬ 
vidual  grains  and  the  accompanying  lattice  rotations  have  in 
endowing  oriented  polycrystalline  samples  with  considerable 
room-temperature  plasticity,  it  is  not  unreasonable  to  assume 
that  the  same  mechanisms  are  responsible  for  some  of  the 
readjustments  needed  in  the  polycrystals,  especially  at  higher 
temperatures.  Direct  evidence  for  delamination  and  buckling 
during  high-temperature  compression  of  a  polycrystalline 
sample  is  shown  in  Fig.  5.  In  this  micrograph,  the  grain  denoted 
by  the  arrow,  by  a  combination  of  delamination  and  buckling, 
has  been  able  to  fill  the  cavity  to  its  right  that  had  been  formed 
as  a  result  of  the  mismatch  of  slip  activity  between  neighboring 


Fig.  5.  Optical  micrograph  of  etched  cross  section  of  a  sample  de¬ 
formed  at  1300°C  in  compression.  Grain  denoted  by  the  arrow  buckled 
and  delaminated  into  the  void  that  formed  to  its  right.  Compression 
direction  is  vertical. 


grains.  This  buckling  and  delamination  must  redistribute  the 
strain  and  dissipate  the  stress  concentration.  The  only  defor¬ 
mation  mode  by  which  the  cavity  in  Fig.  5  can  be  filled  is  the 
one  shown,  because  the  applied  load  direction  is  vertical;  basal 
slip  alone  can  never  fill  the  cavity.  Moreover,  it  has  been 
shown  previously  (e.g..  Fig.  13  in  Ref.  5)  that  high-temperature 
compression  of  the  CG  material  results  in  significant  bending, 
rotation,  and  breakup  of  the  individual  grains,  processes  that 
can  also  result  in  cavity  filling. 

Kink-  and  shear-band  formation  and  the  delamination  of 
individual  grains  have  been  readily  observed  at  room  tempera¬ 
ture  for  (i)  highly  oriented  samples  when  the  latter  are  tested 
such  that  the  basal  planes  are  parallel  to  the  applied  load  di¬ 
rection,8  and  (ii)  grains  that  are  confined  by  their  surround¬ 
ings.3-7  Consequently,  one  would  expect  polycrystalline 
samples  to  be  plastic  at  room  temperature,  when,  in  fact,  they 
are  not.  One  explanation  for  this  apparent  contradiction  is  to 
assume  that  the  ease  and,  hence,  extent  of  delamination  and 
kinking  are  thermally  activated,  a  reasonable  assumption  given 
that  these  processes  entail  the  generation  and  motion  of  dislo¬ 
cations.  The  critical  resolved  shear  stress  of  Ti3SiC2  decreases 
from  36  MPa  at  room  temperature  to  -21  MPa  at  1300°C.K 
Considering  the  effect  of  temperature  on  the  decrease  in  the 
overall  stiffness  (the  shear  modulus  at  1300°C  is  -80%  that  at 
room  temperature24),  it  is  reasonable  to  assume  that,  at  some 
temperature,  the  competition  between  fast  fracture  and  stress 
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accommodation  by  kinking,  buckling,  and  delamination 
changes  in  favor  of  the  latter.  That  temperature  is  ~1200°C  for 
Ti3SiC2.  As  noted  above,  however,  this  temperature  depends 
on  the  strain  rate. 

Figures  1(a)  and  (b)  indicate  fairly  high  slopes  in  the  mea¬ 
sured  response  after  the  initiation  of  inelastic  deformation.  This 
is  especially  apparent  in  the  compression  test,  where  the  stress 
appears  to  increase  from  -550  to  -850  MPa  over  a  strain  in¬ 
crement  of  -0.05  at  1200°C.  Such  exceedingly  high  hardening 
rates  have  not  been  reported,  even  for  ductile  metals  and,  thus, 
cannot  account  for  these  observations.  An  explanation  that  can 
be  offered  at  this  time  is  that  damage  initiates  early  in  the 
elastic  regime  and  results  in  plastic  deformation,  which  is  ini¬ 
tially  localized  (i.e.,  not  throughout  the  specimen).  Further  de¬ 
formation  is  accomplished  by  additional  damage  development 
and  plastic  deformation.  What  is  unusual  is  that  the  damage  is 
not  catastrophic.  As  noted  above,  the  lack  of  five  independent 
slip  systems  creates  voids,  which,  in  turn,  cause  kink  bands  and 
accompanying  delaminations  in  their  immediate  vicinity.  Fur¬ 
ther  deformation  leads  to  local,  dislocation-based  damage  con¬ 
tainment  in  the  vicinity  of  these  voids,  which  consequently 
redirects  the  damage  to  another  location.  In  that  respect,  the 
behavior  of  Ti3SiC2  is  similar  to  a  fiber-reinforced  ceramic- 
matrix  composite  after  the  initiation  of  the  first  matrix  crack. 

Grain-boundary  films  also  have  been  known  to  impart  some 
limited  plasticity  to  otherwise  brittle  materials  at  elevated  tem¬ 
peratures.  Such  grain-boundary  films  by  themselves  do  not 
impart  the  level  of  inelastic  behavior  observed  in  Fig.  I.  How¬ 
ever,  a  synergetic  effect  between  grain-boundary  films  and  the 
kink-based  mechanism  discussed  above  cannot  be  ruled  out  at 
this  time.  For  example,  we  have  previously  shown  that  replac¬ 
ing  the  99.5%  pure  SiC  used  in  this  study  with  a  less-pure  SiC 
(grit  grade,  97.5%)  affects  the  room-  and  high-temperature 
strengths  of  CG  samples,  as  summarized  in  Table  I.  The  influ¬ 
ence  (as  a  percentage  change  in  property)  is  larger  at  the  higher 
temperatures.  The  major  impurities  in  the  less-pure  SiC  are  free 
silicon  and  Si02,  both  of  which  can  form  low-softening-point 
silicates  at  1300°C.  Consistent  with  this  interpretation  is  that 
the  oxidation  resistance  of  the  samples  fabricated  with  the  less- 
pure  SiC  are  higher.4  Therefore,  it  is  conceivable,  although 
unlikely,  that  the  brittle-to-plastic  transition  observed  in 
Ti3SiC2  may  be  due,  at  least  in  part,  to  grain-boundary  films 
that  may  be  present  in  these  microstructures.  However,  because 
one  of  the  main  advantages  of  reactive  HIPing  is  the  absence  of 
sintering  aids  and  other  impurities  that  can  be  introduced  dur¬ 
ing  the  making  of  powders,  the  role  of  grain-boundary  films  in 
the  samples  tested  here  should  be  minimal. 

Because  of  the  formation  of  median  or  Palmqvist  cracks  that 
emanate  from  the  hardness  indentations,  the  damage  tolerance, 
as  measured  by  the  effect  of  the  indentation  loads  on  retained 
flexural  strengths,24  of  brittle  solids  with  fine  microstructures  is 
typically  poor.  In  Ti3SiC2,  these  cracks  are  absent,3*713  which 
partially  explains  its  damage  tolerance  (Fig.  3(b)).  It  has  been 
shown  that  CG  Ti3SiC2  is  damage  tolerant,3  which  is  not 
deemed  too  unusual,  because  many  CG  ceramics  are  indeed 
damage  tolerant.25  What  is  rather  surprising  is  the  behavior  of 
the  FG  microstructure  shown  in  Fig.  3(b),  in  which  the  slope  of 
the  line  is  significantly  less  than  the  1/3  slope  one  would  expect 
from  a  brittle  solid.25  This  is  yet  another  manifestation  of  the 
extent  by  which  damage  localization  is  possible  in  this  mate¬ 
rial.  A  more  quantitative  analysis  would  have  to  take  into  ac¬ 
count  the  size  of  the  plastic  zone  below  the  diamond  indenta¬ 
tion,  the  possibility  of  R-c urve  behavior,  and  the  effect  of  load 
on  the  hardness  (Fig.  3(a)),  which,  in  turn,  affects  the  size  of 
the  plastic  zone. 

The  complexity  of  the  problem  also  manifests  itself  in  the 
effect  of  grain  size  on  strength.  Typically,  the  strengths  of 
brittle  solids  scale  with  the  inverse  of  the  square  root  of  the 
grain  size.  Making  the  same  assumption  here  (i.e.,  assuming 
the  grains  are  10  and  100  fim  for  the  FG  and  CG  microstruc¬ 
tures,  respectively),  a  strength  ratio  of  -3  for  the  FG  and  CG 
microstructures  is  anticipated.  The  measured  ambient  tempera¬ 


ture  compressive  and  flexure  strengths  ratios  are,  however,  in 
the  range  of  1.4- 1.8.  This  is  further  evidence  that  the  nature  of 
damage  in  Ti3SiC2  is  different  compared  with  the  damage  ob¬ 
served  in  more-brittle  ceramics. 

Consistent  with  this  conclusion  is  the  thermal  shock  resis¬ 
tance  and  its  grain-size  dependence.  The  CG  samples  do  not 
appear  to  be  susceptible  to  thermal  shock,  which  implies  that 
the  flaws  introduced  by  the  quenching  are  smaller  than  the 
preexisting  flaws  in  the  material  and  that  these  preexisting 
flaws  did  not  grow.  The  FG  samples,  on  the  other  hand,  are 
susceptible  to  thermal  shock.  The  details  of  the  damage  evo¬ 
lution  during  thermal  shock  are  outside  the  scope  of  this  article 
and  should  be  examined  further. 


V.  Conclusions 

(i)  In  compression,  room-temperature  failure  is  brittle, 
with  compressive  strengths  of  1050  and  720  MPa  for  the  FG 
and  CG  materials,  respectively.  The  compressive  strengths  de¬ 
crease  with  increasing  temperatures  above  1200°C.  At  and  be¬ 
low  1200°C,  the  failure  is  brittle,  with  strains  to  failure  of  <2%. 
At  1300°C,  both  materials  exhibit  large  plastic  deformation 
levels  (>20%),  with  yield  points  of  320  and  500  MPa  for  the 
CG  and  FG  materials,  respectively.  Results  presented  here  pro¬ 
vide  important  evidence  for  two  aspects  of  the  mechanical 
behavior  of  Ti3SiC2  reported  earlier:2  inelastic  deformation  in 
Ti3SiC2  is  assisted  by  damage  formation  in  the  form  of  grain 
boundary  cracks,  kinking,  and  delamination  of  grains;  and  ini¬ 
tiation  of  damage  does  not  result  in  catastrophic  failure,  be¬ 
cause  Ti3SiC2  exhibits  a  capacity  to  confine  the  spatial  extent 
of  the  damage. 

(ii)  At  room  temperature,  the  flexural  strengths  are  330  and 
600  MPa  for  the  CG  and  FG  materials,  respectively,  and  the 
failure  is  brittle.  At  1300°C,  associated  with  high  levels  of 
plastic  deformation  (deflection  >1.5  mm),  yield  points  of  100 
and  120  MPa  are  measured  for  the  CG  and  FG  materials, 
respectively. 

(iii)  FG  and  CG  materials  are  damage  tolerant. 

(iv)  Even  though  the  CG  material  is  thermal  shock  resis¬ 
tant  up  to  1400°C,  the  FG  material  loses  its  strength  gradually: 
when  quenched  from  750°C,  the  strength  decreases  by  -10%, 
and  when  quenched  from  1000°C,  it  decreases  to  -50%  of  the 
prequench  strength. 
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Room-Temperature  Ductile  Carbides 

M.W.  BARSOUM  and  T.  EL-RAGHY 

Large-grained,  oriented,  polycrystalline  samples  of  Ti3SiC2  loaded  in  compression  at  room  temperature 
deform  plastically.  When  the  basal  planes  are  oriented  in  such  a  way  that  allows  for  slip,  deformation 
occurs  by  the  formation  of  shear  bands.  The  minimum  critical  resolved  shear  stress  at  room  temperature 
is  =36  MPa.  When  the  slip  planes  are  parallel  to  the  applied  load— a  situation  where  ordinary  glide 
is  impossible— deformation  occurs  by  a  combination  of  delamination  of,  and  kink  band  formation  in, 
individual  grains,  as  well  as  by  shear  band  formation.  It  is  this  unique  multiplicity  of  deformation 
modes  that  allows  the  material  to  deform  plastically  in  any  arbitrary  orientation. 


I.  INTRODUCTION 

Carbides  are  some  of  the  hardest,  stiffest,  and  most 
refractory  materials  known.  The  carbides  of  tungsten,  sili¬ 
con,  and  titanium,  to  name  a  few,  all  possess  hardnesses  in 
excess  of  25  GPa  and  are  thermally  stable  to  at  least  2000 
°C.  A  notable  exception  is  the  ternary  carbide  Ti3SiC2,  first 
synthesized  over  30  years  ago  by  Jeitschko  and  Nowotny,1'1 
who  also  determined  its  structure  to  be  hexagonal  with  lay¬ 
ers  of  TiC  interleaved  with  hexagonal  nets  of  Si.  Later, 
Nickl  et  al.,[2i  working  with  chemically  vapor-deposited 
(CVD)  films  and  small  single  crystals  of  Ti3SiC2,  measured 
hardnesses  that  were  quite  low  when  compared  to  other 
carbides  and  were  anisotropic  (3  to  4  and  12  to  15  GPa, 
respectively,  when  tested  parallel  to  and  normal  to  the  basal 
planes).  They  noted  that  their  CVD  samples  showed  un¬ 
usual  “plastic”  behavior  that  was  reminiscent  of  graphite. 
Later.  Goto  and  Hirai,131  also  working  with  CVD  samples, 
reconfirmed  the  earlier  results  and  reported  a  hardness  of  6 
GPa.  More  recently,  Pampuch  and  co-workers, 14-5-61  working 
with  samples  that  contained  at  least  10  vol  pet  TiC„  re¬ 
ported  a  Young’s  modulus  of  325  GPa  and  noted  that,  since 
the  ratio  of  the  hardness  to  the  modulus  was  quite  low,  this 
somehow  indicated  that  the  material  was  plastic. 

Most  recently,  the  authors  fabricated  and  characterized 
bulk,  polycrystalline  single-phase  samples  of  Ti3SiC2  as 
well  as  some  of  the  closely  related  211  phases  or  M2BX, 
where  M  is  a  transition  metal,  B  is  a  5-group  element,  and 
X is  either  carbon  or  nitrogen.17-'51  As  a  class,  these  carbides 
are  good  thermal  and  electrical  conductors,  relatively  soft, 
with  hardnesses  in  the  range  of  3  to  6  GPa,  and  machina¬ 
ble.17-'01  Furthermore,  Ti3SiC2  is  damage  tolerant,  resistant 
to  thermal  shock,17  "151  relatively  light  (4.5  gm/cm3),  elas¬ 
tically  rigid,  oxidation  resistant,  and  stable  up  to  at  least 
1700  °CJ 112141  Polycrystalline  samples  fail  in  a  brittle  man¬ 
ner  at  room  temperature,  but  deform  psuedoplastically  at 
temperatures  greater  than  1200  °C.1'31  At  1300  °C,  the 
“yield”  stresses  (defined  as  the  stress  at  which  the  stress- 
strain  curve  deviates  from  linearity)  are  100  and  500  MPa 
in  flexure  and  compression,  respectively.1)31  Atomistically, 
basal  plane  dislocations,  with  b  =  1/3  [1 120],  multiply  and 
are  mobile  at  room  temperature.1'51 
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In  our  work  and  that  of  others,12-61  there  have  been  some 
hints  that  the  unusual  combination  of  properties  observed 
are  somehow  related  to  ambient  temperature  plasticity.  For 
example,  single  buckled  grains  are  easily  identifiable  in  the 
vicinity  of  Vicker’s  hardness  indentations,1"1  the  material  is 
softer  and  more  damage  tolerant  than  other  carbides,1"131 
and  it  posesses  the  low  hardness-to-modulus  ratio  alluded 
to  previously.151  The  evidence  to  date,  however,  has  been 
indirect.  In  this  article,  we  present  evidence  for  room-tem¬ 
perature  plasticity  in  oriented,  large-grained  polycrystalline 
samples  of  Ti3SiC2.  Just  as  important,  we  show  that  when 
the  slip  planes  are  parallel  to  the  applied  load,  a  situation 
where  ordinary  glide  is  impossible,  a  second  distinct  mech¬ 
anism,  namely,  the  kinking  and  delamination  of  individual 
grains  occurs,  which  allows  the  material  to  deform  plasti¬ 
cally  even  in  that  orientation. 

II.  EXPERIMENTAL  DETAILS 

Oriented  macrograined  (1  to  4  mm  in  length  with  aspect 
ratios  of  20  to  40)  polycrystalline  samples  were  fabricated 
by  a  forging  and  grain-growth  route.  Titanium  (99.99  pet, 
-325  mesh,  provided  by  Alta  Group  (Arvada,  CO),  SiC 
(99.7  pet,  dm  =  4  /xm,  provided  by  Performance  Ceramics 
(Peninsula,  OH)),  and  C  powders  (99  pet,  dm  =  1  /urn, 
provided  by  Aldrich  Chemicals  (Milwaukee,  WI))  were 
weighed  and  dry  mixed  in  a  V-blender  for  2  hours  to  yield 
the  Ti3SiC2  stoichiometry.  The  mixture  was  cold  pressed 
into  a  76  X  20  X  25  mm3  green  body,  which,  in  turn,  was 
placed  in  a  vacuum  furnace  (1.3  X  10-3  MPa),  heated  to 
1450  °C  at  10  °C/min,  and  held  at  that  temperature  for  8 
hours.  The  resulting  porous  preform  was  single-phase 
Ti3SiC2,  approximately  65  pet  dense,  with  an  average  grain 
size  of  =3  /zm. 

A  1 5  X  20  X  25  mm3  billet  was  machined  out  of  the 
preform  and  placed  in  a  50  X  25  mm2  channel  graphite  die 
that  was  presprayed  with  BN  to  prevent  the  sample  from 
sticking  to  the  die  walls.  The  sample  was  placed  in  the  die 
such  that  the  hot-  and  cold-pressing  directions  coincided, 
and  the  15-mm-long  sample  was  centered  in  the  50-mm- 
long  die  channel.  The  width  of  the  sample  was  identical  to 
the  width  of  the  die,  and  its  height  was  20  mm.  (The  final 
height  of  the  sample  after  deformation  was  =4  mm,  for  a 
total  reduction  in  height  of  =80  pet.)  The  die  was  placed 
in  the  vacuum  hot  press  and  reheated  to  1300  °C  before 
applying  any  load.  At  that  temperature,  the  preform  was 
ductile  and  had  enough  strength  that  it  did  not  crumble 
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Fig.  1 — (a)  Schematic  of  grain  orientation  relative  to  loading  directions. 
Basal  planes  are  for  the  most  part  parallel  to  the  .t-axis.  The  hot  pressing 
direction  was  vertical.  Polished  and  etched  optical  micrograph  of  ( b )  yr 
plane  and  (c)  x:  plane. 

upon  application  of  the  load.  The  load  was  then  applied  at 
a  rate  of  44.4  kN/h  up  to  a  load  corresponding  to  a  final 
stress  (based  on  the  die  cross-sectional  area)  of  42  MPa. 
This  stress  was  maintained  for  the  duration  of  the  run,  while 
the  sample  was  heated  from  1300  °C  to  1450  °C  and  was 
held  at  that  temperature  for  1  hour.  This  procedure  allowed 
the  sample  to  deform  under  nearly  plane-strain  conditions, 


fill  the  die  cavity,  and  density,  but  was  insufficient  to  cause 
much  grain  growth.1141  The  sample  was  further  heated  to 
1600  °C  under  load  and  held  at  that  temperature  for  24 
hours.  At  this  stage,  the  grains  grow  in  the  preferred  ori¬ 
entation  produced  by  the  deformation  to  their  final  size.  The 
relationship  between  the  hot-pressing  direction  and  the  final 
grain  orientation  is  depicted  schematically  in  Figure  1(a). 

The  sample  surfaces  were  machined  off  to  remove  the 
outer  layers  of  TiC  that  formed  as  a  result  of  C  diffusion 
from  the  graphite  die.  Cubes  measuring  2X2X2  mm3 
were  machined  for  the  compression  tests.  A  servohydraulic 
MTS  testing  machine  was  preprogrammed  to  displace  the 
platens  at  0.01  mm/s  to  a  given  displacement,  at  which 
point  the  runs  were  interrupted;  in  other  words,  they  were 
not  run  to  failure.  At  least  two  samples  were  tested  in  each 
orientation  at  room  temperature  and  at  1300  °C. 


III.  RESULTS  AND  DISCUSSION 

Optical  micrographs  of  the  polished  and  etched  surfaces 
of  the  deformed  cubes  are  shown  in  Figures  1(b)  and  (c), 
from  which  it  is  obvious  that  the  grains  are  on  the  order  of 
1  to  2  mm  in  size  and  are  highly  oriented.  Referring  to 
Figure  1(a),  the  micrographs  shown  in  Figures  1(b)  and  (c) 
are  of  the  y-z  and  x-z  planes,  respectively.  An  X-ray  dif¬ 
fraction  of  the  y-z  plane  showed  that  the  intensity  of  the 
(110)  reflections  (/.e.,  the  prismatic  planes)  was  enhanced 
by  a  factor  of  about  1 1  over  what  they  would  have  been  in 
a  random  sample.  When  taken  together  with  the  morphol¬ 
ogy  of  the  fractured  surfaces,  which  occur  along  the  basal 
planes,  there  is  little  doubt  that  the  grains  are  platelike  and 
oriented  such  that  their  basal  planes  are  parallel  to  the  x- 
axis  and  intersect  the  x-y  plane  at  an  angle  of  ^25  deg,  as 
shown  schematically  in  Figure  1(a). 

It  is  worth  noting  that,  under  identical  processing  con¬ 
ditions  (/.e.,  1600  °C  for  24  hours),  randomly  oriented 
grains,  z.e.,  in  the  absence  of  forging,  will  only  grow  to  a 
final  size  of  100  to  400  fim  as  they  impinge  on  each 
other.1141  The  forging  operation  rotates  the  grains  while  they 
are  still  fine,  such  that  their  fast-growing  directions  (Le.y 
parallel  to  the  basal  planes)  are  parallel  and  in  the  direction 
of  maximum  shear.  Once  aligned,  the  grains  grow  to  the 
millimeter  sizes  observed. 

The  compression  tests  were  carried  out  along  the  and 
z-axes  defined  in  Figure  1(a).  A  typical  stress-strain  curve 
for  samples  tested  in  the  z  direction  is  shown  in  Figure  2. 
The  samples  yielded  around  200  ±  10  MPa  and  deformed 
plastically  thereafter  until  the  test  was  interrupted.  It  is 
worth  noting  that  it  is  possible  to  deform  these  samples  in 
compression  to  strains  that  exceed  50  pet.  At  1300  °C,  the 
shape  of  the  stress-strain  curve  (not  shown)  is  similar  to 
that  at  room  temperature,  but  yields  at  the  lower  stress  of 
120  ±  10  MPa. 

As  noted  previously,  transmission  electron  microscopy  of 
undeformed  and  deformed  samples  of  Ti3SiC2  has  shown 
that  perfect  dislocations  with  b  =  1/3  [1120]  lying  in  the 
basal  plane  multiply  and  are  mobile  at  room  temperature^151 
To  estimate  the  critical  resolved  shear  stress,  the  angles 
between  the  loading  direction  and  the  slip  planes  and  di¬ 
rections  must  be  known.  The  former  is  «*65  deg.  The  angle 
between  the  slip  and  the  loading  directions  is  unknown.  Its 
maximum  value,  however,  is  when  the  slip  direction, 
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Pig  2— Effect  of  Ti5SiC:  grain  orientation  on  room-temperature 
engineering  stress-strain  curves  compressed  in  the  r  directions  and  the  x 
direction.  /.<?..  parallel  to  the  basal  planes.  The  curves  are  shifted  by  0.025 
strain  for  clarity's  sake. 

[1 120],  is  the  same  as  the  slip  plane,  viz.,  65  deg.  Thus,  the 
minimum  critical  resolved  shear  stress  at  room  temperature 
is  ^36  MPa.  The  corresponding  value  at  1300  °C  is  ^22 
MPa. 

When  compressed  along  the  x  direction,  a  clear  maxi¬ 
mum  in  the  yield  stress  is  observed,  which  is  followed  by 
a  region  of  strain  softening  (Figure  2).  Two  nominally  iden¬ 
tical  samples  were  tested;  one  sample  yielded  at  230  MPa 
and  the  second  at  290  MPa.  As  discussed  subsequently,  the 
scatter  and  strain  softening  are  consistent  with  the  defor¬ 
mation  mode  proposed. 

An  optical  micrograph  of  a  sample  compressed  along  the 
r  direction  is  shown  in  Figure  3(a),  from  which  it  is  obvious 
that  the  deformation  is  mostly  confined  to  two  intersecting 
shear  bands  that  are  parallel  to  the  basal  planes.  The  two 
bands  intersect  left  of  center,  and  their  intersection  results 
in  the  creation  of  cavities  and  pores  (Figure  3(a)).  Where 
the  shear  bands  intersect  the  right-hand  edge  of  the  sample, 
a  bulge  is  apparent,  confirming  the  plastic  nature  of  the 
deformation.  At  higher  magnifications,  the  extensive  defor¬ 
mation  within  the  shear  band,  which  is  slightly  wider  than 
100  jum.  is  obvious  (Figure  3(b)).  Outside  these  bands,  the 
material  appears  almost  intact,  at  least  at  the  magnification 
shown.  Figure  3(b)  indicates  that  grain  rotation,  grain 
breakup,  and,  possibly,  twinning  occurs  within  the  shear 
band.  These  observations  notwithstanding,  it  is  hereby  ac¬ 
knowledged  that  the  details  of  the  deformation  mechanisms 
operative  within  the  shear  bands  are  unknown. 

The  postdeformation  optical  micrograph  of  a  sample 
compressed  along  the  x  direction  is  shown  in  Figure  4(a). 
Here  again,  the  deformation  is  mostly  confined  to  two  in¬ 
tersecting  shear  bands  that  form  an  inverted  chevron  shape. 
Where  they  intersect,  a  large  void  is  present.  In  addition  to 
the  shear  bands,  there  are  a  number  of  other  features,  the 
most  important  of  which  is  the  delamination  and  kinking 
observed  at  the  lower  left-hand  comer  (Figure  4(b)).  This 
deformation  mode  is  neither  twinning  nor  regular  glide,  but 


0 b ) 


Fig.  3 — (a)  Polished  and  etched  optical  micrograph  of  the  surface  of  a 
cube  subjected  to  a  6  pet  compressive  strain.  Basal  planes  make  an  angle 
of  “*25  deg  with  the  horizontal;  the  load  was  applied  vertically.  Note  the 
two  intersecting  shear  bands.  Outside  the  shear  bands,  the  material  appears 
to  have  remained  intact,  (b)  Higher  magnification  optical  micrograph  of 
the  shear  band.  Note  extensive  grain  breakup,  rotation,  etc.  within  the 
band. 

rather  one  of  kink-band  formation,  first  described  by  Oro- 
wan  to  explain  kinking  in  some  hexagonal  single  crys- 
tals.[16]  These  bands  form  by  the  rotation  of  parallel  lamella, 
of  approximately  equal  thickness,  away  from  their  original 
position,  as  illustrated  in  Figure  5(a).  When  a  crystal  bends^ 
and  then  becomes  unstable,  a  region  of  highly  localized 
deformation  develops,  whose  boundaries  with  the  relatively 
undeformed  crystal  are  nearly  normal  to  the  slip  planes  and 
directions.  Later,  Hess  and  Barrett1171  outlined  how  the  cre¬ 
ation  of  pairs  of  dislocations  of  opposite  signs,  and  their 
motion  in  opposite  directions,  could  account  for  the  mac¬ 
roscopic  observations.  Hess  and  Barrett  also  pointed  out 
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Fig.  4.  (a)  Polished  and  etched  optical  micrograph  of  the  surface  of  a  cube  subjected  to  a  6  pet  compressive  strain.  Basal  planes  are  parallel  to  the 

vertically  applied  load.  ( b )  Higher  magnification  of  kinked  lower  left-hand  comer. 
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Fig.  5— Geometrical  elements  of  a  kink  band  according  to  Orowan."6'  The 
compression  axis  is  vertical.  ( b )  An  SEM  micrograph  of  the  same  general 
area  as  Fig.  4(b). 


that  these  kink  bands  would  be  expected  only  in  those  crys¬ 
tals  that  are  not  subject  to  twinning  as  a  result  of  compres¬ 
sive  stresses.  In  other  words,  hexagonal  metals  or  alloys 
having  an  axial  da  ratio  greater  than  1.73.  It  is,  thus,  not 
surprising  that  Ti3SiC2,  which  is  hexagonal  with  a  da  ratio 
of  5.76,  deforms  via  this  mechanism. 

That  individual  grains  of  Ti3SiC2  kink  and  delaminate  is 
obvious  from  the  micrographs  shown  in  Figures  4(b)  and 
5(b)  and  in  our  previous  work.1"1  This  deformation  mode 
has  also  been  observed  in  some  of  the  211  phases. 18  91  Kink¬ 
ing  and  kink-band  formation  originate  in  materials  with  a 
strong  anisotropy  in  their  shear  strengths  when  they  are 
loaded  such  that  the  load  is  typically  parallel  to  the  slip  or 
weak  shear  planes.  This  mechanism  has  been  invoked  to 
explain  deformation  in  single-crystal  hexagonal  met- 
ajs  H6.,7.|8j  highly  constrained  rocks,1191  organic  crystals,1201 
card  decks,1211  rubber  laminates,1221  oriented  polymer  fi¬ 
bers,123-271  wood,1281  graphite  fibers,129-301  laminated  C-C  and 
C-epoxy  composites, 13  U2-331  and  highly  textured  Zn  poly¬ 
crystalline  samples,1341  among  others. 

Figure  2  identifies  strain-softening  in  Ti3SiC2  to  be  a  tex¬ 
ture-related  phenomenon.  The  simplest  interpretation  is  that 
regions  which  prior  to  kinking  could  not  deform  by  basal 
slip  assume  orientations  in  which  basal  slip  is  relatively 


easy.  Clear  evidence  for  lattice  rotation  can  be  seen  in  the 
lower  left-hand-side  comer  of  (Figure  4(b)).  The  kinking 
reorients  the  basal  planes  in  the  kinked  region  to  an  angle 
that  is  slightly  steeper  than  the  angle  between  the  shear 
band  and  the  horizontal.  The  relationship  between  the  angle 
that  the  shear  and  kink  bands  make  with  the  horizontal  is 
obvious.  It  is  not  clear  at  this  time  why  the  former  angle 
at  ~45  deg  is  slightly  steeper  than  the  latter  at  30  deg,  but 
is  probably  related  to  the  fact  that  the  shear  band  is  con¬ 
strained,  whereas  kinking  at  the  comer  is  not.  As  noted  by 
Orowan,  the  plane  of  kinking  need  not  be  a  crystallographic 
plane;  its  orientation  depends  on  the  stress  condition.1161 

The  kinking/delamination  deformation  mode  is  a  result 
of  an  instability  and  a  lack  of  constraints  and,  as  such,  is 
dependent  on  stochastic  microstructural  features  such  as 
imperfections,  sharp  comers,  voids,  planar  misalignment, 
etc.  The  more  than  22  pet  difference  in  the  values  of  the 
maximum  stresses  of  the  two  nominally  identical  samples 
(Figure  2)  is  consistent  with  such  a  deformation  mode.  In 
contrast,  the  stress  needed  to  further  plastically  deform  the 
crystal,  which  presumably  is  dominated  by  what  is  occur¬ 
ring  within  the  shear  bands,  is  more  or  less  constant  and 
fairly  reproducible  (Figure  2).  The  combination  of  stress 
concentration  and  lack  of  constraint  at  the  comers  resulted 
in  their  kinking  and  delamination,  which  is  why  the  two 
shear  bands  appear  to  have  originated  at  the  lower  comers. 

The  general  shapes  of  the  stress-strain  curves  shown  in 
Figure  2  are  similar  to  those  reported  by  Edwards  et  a/.1341 
and  Tapetado  and  Loretto.1181  The  latter  have  shown  that  if 
kinking  in  single  crystals  of  Zn  loaded  in  compression 
along  directions  nearly_parallel  to  the  basal  planes  was  due 
to  the  operation  of  (1 120)  (0001)  slip,  deformation  will  oc¬ 
cur  under  a  falling  load  and  will  tend  to  become  localized. 
Given  that  the  same  basal  slip  is  operative  in  Ti3SiC2,  this 
so-called  geometric  softening  is  expected  and  observed. 

Because  buckling  is  a  result  of  an  instability,  it  is  difficult 
to  model.  The  difficulty  of  the  task  can  be  appreciated  by 
comparing  the  micrographs  shown  in  Figures  5(b)  and  6(b). 
Near  the  center  of  the  micrograph  shown  in  Figure  5(b)  and 
adjacent  to  the  largest  delamination  flaw,  the  lower  layers 
of  the  bent  central  grain  have  obviously  locally  buckled  in 
compression,  indicating  that,  at  some  point  during  the  de¬ 
formation,  the  stress  was  locally  compressive.  The  same 
cannot  be  said  about  the  layers  shown  in  Figure  6(b);  the 
absence  of  buckling  of  these  very  thin  lamella  precludes 
compressive  stresses. 

The  deformation  of  Ti3SiC2  differs  from  that  of  hexag¬ 
onal  metals  in  one  important  respect:  in  metals,  clearly 
identifiable,  delaminated  lamella  are  not  observed.116-17-181 
The  propensity  for  delamination  is  important  in  this  context 
because  it  allows  for  the  very  sharp  radii  of  curvatures  ob¬ 
served.  As  shown  in  Figures  6(a)  and  (b),  radii  of  curva¬ 
tures  on  the  order  of  0.5  gm  are  quite  common  in  Ti3SiC2 
and  the  H  phases.18-91 

It  is  important  to  point  out  that  delamination  only  occurs 
when  the  geometric  constraints  are  relaxed,  such  as  at  the 
comers  of  the  cubes  (Figure  4(b)).  In  the  presence  of  con¬ 
straints  this  mode  is  inoperative,  which  partially  explains 
why  randomly  oriented  polycrystalline  samples  fail  in  a 
brittle  manner.  As  noted  previously,  at  temperatures  higher 
than  1200  °C,  the  material  exhibits  pseudoplasticity  or  in¬ 
elastic  deformation  that  is  assisted  by  damage  formation  in 
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Fig.  6— u/)  SEM  micrograph  of  a  highly  deformed  region  in  Ti,SiC;.  The 
sample  was  hit  with  a  hammer  that  caused  it  to  fracture  along  the  plane 
observed,  (h)  A  higher  magnification  of  the  prominent  feature  labeled  'a' 
in  (a). 


the  form  of  grain-boundary  cracks,  kinking,  and  delami¬ 
nation  of  individual  grains. [!3]  However,  in  contrast  to  most 
lamellar  microstructures,  the  initiation  of  damage  does  not 
result  in  catastrophic  failure  because  Ti3SiC2  exhibits  an 
unusual  capacity  to  confine  the  spatial  extent  of  the  dam¬ 
age.1  These  comments  notwithstanding,  the  plasticity 
seen  in  this  work  is  real  in  the  sense  that  it  is  dependent 
on  dislocation  motion  and  shear-band  formation.  The  nature 
of  that  plasticity,  however,  does  not  imply  ductile  behavior 
under  tensile  conditions. 

It  is  well  established  that  microbuckling  of  fiber  bundles 
accompanied  by  fiber  fracture  along  a  kink  boundary  is  the 
fundamental  damage  mechanism  under  compression  in  var¬ 
ious  unidirectional  and  two-dimensional  C-laminated  com- 
posites.*3*3233*  In  these  systems,  delamination  is  a  serious 
problem.  Although  individual  grains  in  Ti3SiC2  have  a  pro¬ 
pensity  for  delamination,  when  it  occurs,  it  is  noncatas- 
trophic.  More  importantly,  in  contrast  to  kink  bands  that 
form  in  C  composites,  the  lamella  in  Ti3SiC2,  for  the  most 
part,  do  not  fracture  (Figure  6(b)).  In  that  respect,  the  kink 
bands  in  Ti3SiC2  are  similar  to  those  observed  in  some  ori¬ 
ented  polymer  fibers,  where  in  both  cases  the  lamella  or 
fibrils  are  continuous  across  the  kink  plane.*23  2"*  In  one  of 


Fig-  7 — Polished  and  etched  optical  micrograph  of  a  near-surface  feature 
of  a  sample  that  was  deformed  to  a  strain  of  more  than  50  pet. 


the  earliest  studies  on  kink-band  formation  in  highly  ori¬ 
ented  nylon,  Zaukelies*25]  sought  to  explain  his  results  in 
terms  of  Orowan’s  model.  Later,  Robertson*231  showed  that 
kink  bands  in  high-density  polyethylene  initiate  at  sites  of 
shear  stress  concentrations,  where  the  fibrils  are  first  de¬ 
formed  in  an  S-shaped  curve  that  then  tightens  and  finally 
collapses  into  angular  kinks.  This  collapse  is  much  less 
common  in  Ti3SiC2  and  appears  to  occur  only  when  the 
radii  of  curvature  are  very  sharp  (<1  ^tm).  Figure  6(b)  is 
a  high-magnification  scanning  electron  microscopy  (SEM) 
micrograph  of  the  prominent  feature  seen  in  Figure  6(a), 
where  it  is  obvious  that,  while  the  outer  layers  are  contin¬ 
uous,  the  innermost  layer  has  obviously  collapsed.  The  re¬ 
semblance  of  this  micrograph  to  that  of  Figure  1 1  in 
Reference  23  is  striking. 

Here  again,  despite  the  apparent  similarities,  important 
differences,  other  than  the  obvious  ones  relating  to  the  na¬ 
ture  of  the  bonding,  morphology,  etc .,  remain.  First,  delam¬ 
inations  such  as  those  visible  in  Ti3SiC2  are  usually  not 
observed  in  oriented  polymers.  Second,  whereas  one  could 
possibly  make  the  case  that  a  single  grain  of  Ti3SiC2  and  a 
highly  oriented  fiber  are  similar  in  their  deformation  mech¬ 
anisms,  there  is  no  polymer  analog  to  the  polycrystalline 
samples  tested  here.  Third.  Ti3SiC2  involves,  as  shown  in 
Figure  6(a),  the  kinking  of  sheets  rather  than  fibrils.  (To 
produce  this  micrograph,  a  sample  was  hit  with  a  hammer, 
which  caused  it  to  fracture  along  the  plane  observed  in  the 
micrograph.)  This  micrograph  is  reminiscent  of  what  milles 
feuilles  or  phyllo  dough,  before  being  baked,  would  appear 
like  under  an  SEM. 

The  extent  by  which  a  single  grain  of  Ti3SiC2  can  de¬ 
form,  curl,  and  fold  on  itself  when  highly  deformed  (Figure 
7)  is  unusual.  The  micrograph  shown  in  Figure  7  is  that  of 
a  feature  observed  near  the  edge  of  a  specimen  that  was 
deformed  ^50  pet.  This  flexibility,  typically  absent  in  other 
layered  compounds  such  as  mica  and  graphite,  can  be 
traced  to  the  metallic  nature  of  the  bonding,  the  absence  of 
strong  in-plane  Si-Si  bonds,  and  the  relative  weakness  of 
the  Ti-Si  bonds.*9353*] 

The  technological  importance  of  the  results  presented 
here  cannot  be  overemphasized,  Ti3SiC2  is  a  potentially  ex¬ 
cellent  material  for  a  myraid  of  high-temperature  applica- 
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tions.  The  brittle  failure  of  randomly  oriented  polycrystals 
at  temperatures  <1200  °C  and  the  fabrication  route  de¬ 
scribed  in  this  article,  which  would  not  be  suitable  for 
large-scale  production,  are  obvious  limitations.  Based  on 
this  work,  the  strategy  for  fabricating  ductile  samples  (at 
least  in  compression)  would  be  to  align  the  grains  before 
allowing  them  to  grow.  Given  the  plate-like  nature  of 
Ti3SiC2,  grain  alignment  using  well-established  ceramic 
processing  techniques  such  as  slip  or  tape  casting  should 
be  straightforward. 

IV.  CONCLUSIONS 

Oriented  large-grained  polycrystalline  samples  of  Ti3SiC2 
are  ductile  in  compression  at  room  temperature.  This  car¬ 
bide,  and,  by  extension,  other  312  and  211-phases,  deforms 
by  a  combination  of  delamination  and  kink-band  formation 
of  individual  grains,  together  with  shear-band  formation.  It 
is  this  unique  multiplicity  of  deformation  modes  that  allows 
the  material  to  deform  plastically  in  any  arbitrary  orienta¬ 
tion. 
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The  evolution  of  deformation-microfracture  damage  below 
Hertzian  contacts  in  a  coarse-grain  Ti3SiC2  is  studied.  The 
Hertzian  indentation  stress-strain  response  deviates 
strongly  from  linearity  beyond  a  well-defined  maximum, 
with  pronounced  strain-softening,  indicating  exceptional 
deformabilitv  in  this  otherwise  (elastically)  stiff  ceramic. 
Surface  and  subsurface  ceramographic  observations  reveal 
extensive  quasi-plastic  microdamage  zones  at  the  contact 
sites.  These  damage  zones  are  made  up  of  multiple  intra¬ 
grain  slip  and  intergrain  shear  failures,  with  attendant 
microfracture  at  high  strains.  No  ring  cracks  or  other  mac¬ 
roscopic  cracks  are  observed  on  or  below  the  indented  sur¬ 
faces.  The  results  suggest  that  Ti3SiC2  may  be  ideally  suited 
to  contact  applications  where  high  strains  and  energy  ab¬ 
sorption  prior  to  failure  are  required. 

I.  Introduction 

Recently,  dense  polycrystalline  Ti3SiC2  has  been  devel¬ 
oped  by  reactively  hot-pressing  Ti,  SiC,  and  C  (graphite) 
powders.1  Ti3SiC2  has  a  hexagonal  crystallographic  structure 
with  planar  Si  layers  linked  by  TiC  octahedra,  and  with  weakly 
bonded  basal  slip  planes.2  This  material  displays  a  unique  com¬ 
bination  of  properties.3  It  is  oxidation  resistant,  and  possesses 
high  electrical  and  thermal  conductivity.  It  has  a  high  elastic 
modulus  ( E  ~  320  GPa)  but  a  low  hardness  (H  ~  4  GPa),  and 
is  machinable.  The  value  H/E  -  0.013  is  exceptionally  small 
for  a  ceramic.4  more  reminiscent  of  soft  metals.  In  Vickers 
indentation  tests  a  multiplicity  of  energy -absorbing  deforma¬ 
tion  mechanisms  operate,  predominantly  basal  slip  but  also 
grain  buckling  as  well  as  grain  sliding.3 

In  this  communication  we  investigate  the  contact  deforma¬ 
tion  of  Ti3SiC2  using  Hertzian  indentation.5  6  Indentation 
stress-strain  data  reveal  exceptional  quasi-plasticity  in  this 
material,  with  a  pronounced  strain-softening  “tail.”  Ceramo¬ 
graphic  sectioning  is  used  to  examine  the  nature  of  the  subsur¬ 
face  quasi-plastic  damage.  Our  experiments  confirm  shear- 
activated  basal  slip  deformation  within  grains  as  the  key  to  the 
exceptional  high  quasi-plasticity. 

II.  Experimental  Procedure 

Details  to  the  powder  processing  and  ensuing  microstructure 
of  Ti3SiC2  have  been  presented  elsewhere.1  Polycrystalline 
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specimens  were  fabricated  by  weighing  stoichiometric  propor¬ 
tions  of  Ti  (99.3%  pure,  325  mesh.  Titanium  Specialists. 
Sandy,  UT),  SiC  (99.7%  pure,  mean  particle  size  4  |mm.  At¬ 
lantic  Equipment  Engineers,  Bergenfield,  NJ),  and  C  (99% 
pure,  mean  particle  size  1  pm.  Aldrich,  Milwaukee.  WI)  pow¬ 
ders,  mixing  in  a  V-blender  for  2  h,  and  reactive  hot  pressing 
at  1600°C  for  4  h  under  a  pressure  of  40  MPa.  The  microstruc¬ 
ture  of  the  sintered  material  investigated  here  consists  of  large 
platelike  grains  of  diameter  50-200  jxm  and  thickness  5-20 
|xm,  with  a  heavily  striated  texture.1*3  All  test  surfaces  were 
diamond-polished  to  1  \xm  finish. 

Vickers  indentations  were  made  at  P  —  1-1000  N  to  mea¬ 
sure  hardness,  determined  here  as  H  =  Plla 2,  where  P  is  peak 
load  and  a  is  impression  half-diagonal. 

Hertzian  indentations  were  made  using  tungsten  carbide 
(WC)  spheres  of  radius  r  =  1.21-12.7  mm.  at  peak  loads  up  to 
p  =  4000  N.  Measurements  of  contact  radius  a  (made  visible 
by  first  coating  the  specimen  surface  with  a  gold  film)  at  each 
given  load  P  and  sphere  radius  r  enabled  calculation  of  inden¬ 
tation  stresses,  p0  =  Pina2,  and  indentation  strains,  a/r,  for 
construction  of  an  indentation  stress-strain  curve.5-7  An  inden¬ 
tation  yield  stress  p0  =  pY  was  evaluated  from  the  threshold 
loads  above  which  permanent  impressions  were  first  detected 
on  the  contact  surface.8 

Bonded-interface  specimens  were  used  to  provide  sections 
of  the  Hertzian  contact  damage.5-7  These  specimens  were  pre¬ 
pared  by  bonding  together  two  polished  half-blocks  30  mm  x 


Contact  dimension,  la  (|im) 


Fig.  1.  Vickers  hardness  (means  and  standard  deviations)  as  function 
of  indentation  load  for  Ti3SiC2.  Open  circles  are  data  from  previous 
work.3 
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10  mm  x  10  mm  at  a  common  interface  with  an  intervening 
thin  layer  of  adhesive,  and  then  polishing  the  top  surface.  In¬ 
dentations  were  made  on  the  top  surface  across  the  surface 
trace  of  the  bonded  interface.  The  adhesive  was  then  dissolved 
in  acetone,  and  the  top  and  side  surfaces  of  the  separated  half¬ 
blocks  gold  coated.  Damage  zones  were  observed  by  optical 
microscopy  in  Nomarski  illumination  and  by  scanning  electron 
microscopy  (SEM). 

III.  Results 

( 1)  Hardness  and  Indentation  Stress-Strain  Curve 

Figure  1  plots  hardness  as  a  function  of  indentation  load  for 
the  Ti3SiC2  material.  Each  data  point  (mean  and  standard  de¬ 
viation)  was  obtained  from  five  measurements.  Some  data  from 
previous  work  on  similar  material  are  included  for  compari¬ 
son.3  The  hardness  is  highly  dependent  on  the  indentation  load, 
falling  first  abruptly  between  P  =  1-5  N  and  then  more  gradu¬ 
ally  at  higher  loads.  This  strong  dependency  of  hardness  is 
attributable  to  the  large  grain  size:  when  the  contact  dimension 
2 a  of  the  Vickers  impression  is  less  than  the  grain  size  (mini¬ 
mum  50  jxm).  the  hardness  measures  properties  of  single 
grains:  when  2 a  becomes  much  larger  than  the  grain  size,  the 
hardness. measures  polycrystalline  properties,  with  more  grains 
oriented  for  basal  slip.  The  relatively  large  error  bars  associated 
with  the  data  at  low  loads  in  Fig.  1  reflect  stochastics  in  the 
grain  orientations  in  this  region.5 

Figure  2  plots  the  Hertzian  indentation  stress-strain  curve. 
The  data  points  are  experimental  values  for  the  different  sphere 
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Fig.  2.  Indentation  stress-strain  curve  for  Ti3SiC2.  Inclined  dashed 
line  is  Hertzian  elastic  response.  Labels  a,  b,  c,  d,  and  e  correspond  to 
micrographs  in  Fig.  3. 


sizes.  The  inclined  dashed  line  through  the  origin  is  the 
Hertzian  limit  for  ideal  elastic  contacts.  A  yield  point  pY  =  1 .0 
GPa  representing  the  contact  pressure  at  first  observable  de¬ 
formation  is  indicated.  The  data  deviate  slightly  from  linearity 
above  this  yield  point,  increasing  monotonically  with  load.5*6-9 


Fig.  3.  Surface  views  of  indentation  sites  in  Ti3SiC2.  Indentations  made  with  WC  ball  of  radius  r  =  1.98  mm.  Micrographs  (a),  (b),  (c),  (d).  and 
(e)  correspond  to  points  labeled  in  Fig.  2.  Optical  micrographs,  Nomarski  illumination. 
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However,  the  data  then  pass  through  a  distinctive  maximum  at 
p{)  ~  3.8  GPa  and  thereafter  decline  steadily  in  a  long  tail.  This 
kind  of  strong  strain-softening  characteristic  is  most  unusual  in 
ordinarily  brittle  ceramics,  although  it  is  reminiscent  of  the 
stress-strain  curves  observed  in  rocks  in  triaxial  compression 
fields.10 

(2)  Contact  Damage  and  Deformation 

The  optical  micrographs  in  Fig.  3  confirm  that  the  deviation 
from  linearity  in  the  stress-strain  curve  is  due  to  the  onset  of 
indentation  damage.  The  sequence  shows  surface  views  of 
damage  for  points  marked  a,  b,  c,  d,  and  e  in  Fig.  2:  (a)  just 
above  the  yield  point  the  first  few  grains  have  deformed  within 
the  contact  area:  (b)  near  the  maximum  the  number  of  de¬ 
formed  grains  within  the  contact  area  has  markedly  increased 
and  individual  grain-localized  microfaults  are  observed,  typical 
of  tough  ceramics:5-6-9  (c)  beyond  the  maximum  stress  level  the 
impression  is  more  extensive  and  deformed  grains  are  observed 
outside  the  impression:  (d)  further  along  the  strain-softening 
tail  the  impression  is  deeper  and  grain  deformation  outside  the 
contact  area  is  considerably  more  pronounced,  and  material  has 
piled  up  around  the  impression;  (e)  at  even  higher  strain  the 
impression  is  extensive,  and  grains  beyond  the  edge  of  the 
contact  area  are  heavily  deformed,  with  attendant  microcrack 
coalescence  and  grain  detachment.  The  complete  absence  of 
any  ring  cracks  or  cone  cracks  on  the  surfaces  highlights  the 
predominantly  quasi-plastic  nature  of  the  damage. 

Figure  4  shows  a  half-surface  and  section  view  of  the  contact 
damage  near  the  stress-strain  maximum  (just  beyond  point  b  in 
Fig.  2).  A  distinctive  surface  depression  is  observed  in  the 
section,  attesting  to  the  extent  of  the  deformation.  The  subsur¬ 
face  deformation  is  particularly  intense,  extending  well  below 
the  contact  area.  Figure  5  shows  optical  and  SEM  micrographs 
of  the  center  region  of  the  subsurface  damage  zone  in  Fig.  4(b). 
In  Fig.  5(a)  intralamella  slip  along  basal  planes  and  microfail¬ 
ures  along  the  grain  boundaries  are  evident.  In  Fig.  5(b)  mi¬ 


Fig.  5.  Micrographs  of  micromechanical  damage  from  central  sub¬ 
surface  region  in  Fig.  4:  (a)  optical  (Nomarski).  (b)  SEM. 


crofailures  extend  along  the  grain  boundaries  intersected  by  the 
heavily  deformed  lamellae,  analogous  to  the  generation  of  mi¬ 
crocracks  at  dislocation  pile-ups  in  metals,11  and  across  some 
of  the  adjacent  grains. 

IV.  Discussion 

We  have  investigated  contact  damage  in  Ti3SiC2  using 
Hertzian  contact.  The  indentation  stress-strain  curve  in  Fig.  2 
reveals  some  distinctive  features  in  the  elastic-plastic  response. 
The  initial  elastic  region  is  steep,  commensurate  with  the  high 
Young’s  modulus,  320  GPa  (a  value  comparable  to  that  of 
other  hard  ceramics  like  silicon  nitride  and  alumina).  The 
stress-strain  curve  deviates  slightly  from  linearity  above  the 
yield  stress,  pY  =  1 .0  GPa,  up  to  the  maximum,  p0  =  3.8  GPa. 
Beyond  this  point  the  curve  decreases  dramatically  with  in¬ 
creasing  strain,  indicating  strong  strain-softening.  Such  soft¬ 
ening  behavior  is  most  unusual  in  ordinarily  brittle  ceramics 
(although  it  is  observed  commonly  in  rocks  in  compression10), 
reflecting  the  capacity  of  the  material  to  undergo  extensive 
plastic  deformation  without  macroscopic  fracture.  The  low  ra¬ 
tio  of  hardness/modulus,  H/E  ~  0.013,  is  comparable  to  soft 
steel,4  suggesting  an  ultimate  mechanical  behavior  more  remi¬ 
niscent  of  a  ductile  metal. 

There  is  a  microstructural  size  effect  in  the  Vickers  hardness 
data  in  Fig.  1 ,3  This  size  effect  is  associated  with  the  large  grain 
size  of  the  Ti3SiC2  material  studied  here.  When  the  contact  area 
is  comparable  to  the  grain  size,  the  contact  samples  just  a  few 
grains — the  probability  of  initiating  slip  then  depends  strongly 
on  the  local  grain  orientation.  As  the  contact  area  increases, 
more  grains  are  sampled  within  the  near-contact  field,  and  the 
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likelihood  of  encountering  grains  with  favorable  orientations 
for  deformation  is  correspondingly  higher.  Accordingly,  the 
data  are  subject  to  greater  stochastic  variation  at  low  loads.5 
accounting  for  the  larger  error  bars  in  this  region  in  Fig.  1. 

The  micrographs  of  the  damage  zones  in  Figs.  3  and  4  dem¬ 
onstrate  extensive  shear-driven  deformation  in  the  Ti3SiC2. 
The  high-magnification  micrographs  in  Fig.  5  reveal  the  dam¬ 
age  to  consist  predominantly  of  basal-slip  lamellae  within 
grains,  with  accompanying  shear-induced  microcracking  be¬ 
tween  grains.  The  ease  and  multiplicity  of  the  basal  slip  process 
within  the  individual  grains  accounts  for  the  exceptional  plas¬ 
ticity.  I-3-12  On  the  other  hand,  the  existence  of  just  one  easy  slip 
system  precludes  a  totally  plastic  response,  and  ultimately  the 
local  strains  at  the  grain  boundaries  can  only  be  accommodated 
by  the  generation  of  intergranular  (or  intragranular3)  micro¬ 
cracks.  As  these  microcracks  multiply,  extend,  and  (ultimately) 
coalesce  the  modulus  of  material  within  the  damage  zone  cor¬ 
respondingly  diminishes,13-14  accounting  for  the  strain¬ 
softening  seen  in  Fig.  2. 10  In  combination,  these  easy  defor¬ 
mation  and  microfracture  processes  at  the  microstructural  level 
render  the  material  machinable.1  Other  machinable  ceramics 
with  platelet  structures,  e.g.,  micaceous  glass-ceramics  (i4Ma- 
cor’).15  show  analogous  easy  lamella  slip,  but  not  to  the  de¬ 
gree  observed  in  the  present  material,  and  without  the  distinc¬ 
tive  strain-softening  in  the  indentation  stress-strain  curve.7 
The  indications  are  that  the  present  material  is  somewhat  more 
plastic  than  the  micaceous  glass-ceramics,  but  at  the  same  time 
still  somewhat  more  brittle  than  metals  with  multiple  slip  sys¬ 
tems. 

The  extreme  plasticity  of  Ti3SiC2  lends  itself  to  applications 
in  which  high  energy  absorption  with  attendant  high  strains  to 
failure,  without  microscopic  cracking,  are  a  prime  requisite.  In 
this  sense.  Ti3SiC2  has  the  mechanical  quality  of  metals,  but 
still  with  high  elastic  rigidity  and  high-temperature  properties 
characteristic  of  ceramics.  On  the  other  hand,  the  proliferation 
of  microcracking  associated  with  the  quasi-plasticity  damage 
foreshadows  some  potential  limitations,  e.g.,  susceptibility  to 
fatigue16-17  and  low  wear  resistance.18 
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The  ternary  carbide  Ti3SIC2  fabricated  by  a  reactive 
hot-press  route  is  investigated  by  transmission  electron 
microscopy.  The  material  consists  mainly  of  large  elon¬ 
gated  grains  with  planar  boundaries,  and  is  characterized 
by  a  low  defect  density.  Dislocations  are  observed  in 
the  grains  and  at  grain  boundaries.  Perfect  dislocations 
with  b  =  ±(1120)  lying  in  (0001)  basal  planes  are  present. 
These  basal  plane  dislocations  are  mobile  and  multiply  as  a 
result  of  room-temperature  deformation.  All  of  the  stack¬ 
ing  faults  observed  lie  in  the  basal  planes. 

I.  Introduction 

Recently,  we  reported  on  the  fabrication  and  characteriza¬ 
tion  of  the  layered  ternary  compound  Ti3SiC2.1-5  This 
compound  was  found  to  combine  many  of  the  best  attributes  of 
metals  and  ceramics.  Like  metals,  it  is  an  excellent  electric  and 
thermal  conductor,  very  readily  machinable,  relatively  soft 
(with  a  hardness  of  4  GPa)  compared  to  other  carbides,  and  is 
highly  thermal  shock  resistant.  Above  1200°C  the  material  ex¬ 
hibits  significant  ductility.  At  1300°C,  its  yield  stress  is  100 
and  500" MPa  in  flexure  and  compression,  respectively.  Like 
ceramics  it  is  elastically  rigid  with  a  Young  modulus  of  320 
GPa.  oxidation  - and  creep  resistant,3  and  stable  to  at  least 
I700°C  in  inert  atmospheres  and  under  vacuum.2 

More  recently,  we  have  shown  that  oriented  coarse-grained 
(1-3  mm)  polycrystalline  samples  of  Ti3SIC2  loaded  in  com¬ 
pression  at  room  temperature  deformed  plastically.5  When  the 
basal  planes  were  oriented  favorably  to  the  applied  stress,  sub¬ 
stantial  (>20# )  deformation  occurred  by  the  formation  of  shear 
bands  along  those  planes,  implying  that  the  main  deformation 
mechanism  was  basal  slip.  The  results  reported  herein  confirm 
this  conclusion.  Furthermore,  when  the  slip  planes  were  paral¬ 
lel  to  the  applied  load — a  situation  where  ordinary  glide  was 
impossible — deformation  occured  by  a  combination  of  delami- 
nation  of  individual  grains,  and  the  formation  of  kink  and  shear 
bands. 

Currently  very  limited  information  exists  on  the  structural 
defects  in  this  material,  and  thus  the  exact  details  of  the  defor¬ 
mation  mechanisms  that  are  operative  are  totally  unknown.  To 
the  best  of  our  knowledge,  the  only  other  previous  papers  that 
dealt  with  the  transmission  electron  microscopy  (TEM)  of 
TI3SiC,  are  those  of  Arunajatesan  and  Carim6  and  Morgiet  et 
aL 7  The  former,  using  convergent  beam  electron  diffraction 
studies,  confirmed  that  the  unit  cell  was  indeed  hexagonal  with 
lattice  parameters  ti  =  3.07  A  and  c  —  17.69  A,  consistent 
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with  previously  determined  values.8"10  Morgiel  et  al.  hot- 
pressed  polycrystalline  bulk  samples  from  powders  that  were 
produced  by  self-propagating  high-temperature  synthesis. 
Their  material,  however,  was  not  single  phase,  and  the  focus  of 
their  investigation  was  the  identification  and  characterization 
of  the  various  phases  present  by  TEM/  The  authors,  however, 
reported  a  high  density  of  basal  plane  dislocations  grouped  in 
arrays  that  ran  across  grain  lengths. 

The  goal  of  this  work  is  to  characterize  by  TEM  some  of 
the  linear  and  planar  defects  present  in  single-phase,  bulk, 
dense  samples  of  Ti3SiC2  before  and  after  room-temperature 
deformation. 

II,  Experimental  Procedure 

The  fabrication  procedure  for  the  material  has  been  de¬ 
scribed  in  detail  elsewhere.1*2,5  In  short,  titanium  (99.3#,  -325 
mesh.  Titanium  Specialists,  Sandy.  UT).  SiC  (99.7#,  dm  =  4 
pun,  Atlantic  Equipment  Engineers,  Bergenfield.  NJ),  and  C 
powders  (99#,  dm  =  1  jxm.  Aldrich)  were  weighed  and  dry 
mixed  in  a  V-blender  (Patterson-Kelly  Co.,  East  Stroudsburg, 
PA)  for  2  h  to  yield  the  Ti3SiC2  stoichiometry.  Polycrystalline 
samples  with  randomly  oriented  grains  were  produced  by  re¬ 
active  hot  pressing  of  Ti,  SiC.  and  graphite  powders  at  1600°C 
for  4  h.  Oriented  coarse-grained  (2-3  mm)  polycrystalline 
samples  were  fabricated  via  a  hot  forging  operation  in  a  chan¬ 
nel  die.  followed  by  a  1600°C.  24  h  anneal  during  which  the 
grains,  which  were  oriented  during  the  forging  operation,  grew 
significantly.5 

"Small  cubes  were  machined  and  deformed  under  compres¬ 
sion  at  room  temperature  as  a  function  of  orientation.  The 
details  on  the  mechanical  testing  are  given  in  Ref.  5.  Clear, 
unambiguous  evidence  for  shear  band  formation  parallel  to  the 
basal  planes  was  observed  in  the  oriented  coarse-grained 
samples  by  optical  microscopy.  For  TEM  characterization  of 
the  derformed  material,  sections  were  taken  trom  an  area  in  the 
vicinity  of  the  shear  bands. 

Thin  foils  for  TEM  were  prepared  by  slicing  200  jxm  thick 
sections  from  bulk  material,  followed  by  thinning  and  polish¬ 
ing  by  the  Gatan  Dimple  Grinder  (Model  656)  and  ion  milling 
at  5  kV/20  mA  by  the  Gatan  Precision  Ion  Polishing  System 
(Model  691).  Microstructure  observation  was  performed  in  JEOL 
100CX2  and  Philips  430  transmission  electron  microscopes  at 
100  and  300  kV,  respectively. 

III.  Results 

(1)  Undeformed  Samples 

Scanning  electron  microscopy  (SEM)  of  the  as-fabricated 
material  has  shown  that  the  hot-pressed  material  is  composed 
of  elongated  grains  100-300  |xm  long  with  planar  bound¬ 
aries.1  *2  The  hot-forged  and  annealed  material,  on  the  other 
hand,  has  an  oriented  coarse-grained  (2-3  mm)  microstruc¬ 
ture.5  The  material  is  single  phase;  no  inclusions  or  other 
phases  are  detected  in  the  TEM.  A  few  isolated  pores  of  about 
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0.1  jjLm  diameter  are  observed  in  the  material.  Analysis  of 
covergent  beam  and  selected  area  electron  diffraction  patterns 
confirmed  that  the  material  has  a  hexagonal  structure  with  lat¬ 
tice  parameters  a  =  0.307  nm  and  c  =  1.767  nm.  which  is  in 
good  agreement  with  our  X-ray  diffraction  data,  as  well  as  with 
data  reported  by  others. 6-8_,° 

Observation  of  thin  foils  fabricated  from  either  the  100-300 
pirn  polycrystalline  samples  or  the  oriented,  but  undeformed, 
coarse-grained  samples  revealed  that  the  defects  in  both  types 
of  specimens  are  similar.  Some  grains  are  defect  free,  whereas 
others  contain  dislocations,  planar  defects,  or  both  (Figs.  1-3). 
The  dislocations  can  be  categorized  according  to  their  arrange¬ 
ment  within  the  grain  and  association  with  other  dislocations 
and  planar  defects.  The  following  dislocations  are  observed: 
single  dislocations  (A  in  Fig.  1(a)),  arrays  of  parallel  straight 
and  curved  dislocations  within  a  grain  (B  in  Figs.  1(a)  and  (b)), 
dislocations  bounding  planar  defects  (C  in  Figs.  2(c)  and  (d)), 
and  dislocations  at  grain  boundaries  (D  in  Fig.  1(a)). 

Single  dislocations  (A  in  Fig.  1)  are  scarce:  only  a  few  of 
them  are  observed  in  some  grains.  These  dislocations  tend  to  be 
close  to  the  grain  boundaries  and  are  usually  straight  and  lie  in 
the  basal  planes.  Arrays  of  parallel  dislocations  are  observed 
near  some  triple  junctions  and  grain  boundaries  (B  in  Figs.  1(a) 
and  (b))  and  crack  tips  (B  in  Fig.  3(a)).  These  cracks  (not 
shown  in  Fig.  3)  are  believed  to  have  formed  during  specimen 
preparation.  It  is  important  to  point  out  that  in  contrast  to  the 
arrays  observed  after  deformation,  the  extent  and  number  of  the 
arrays  is  quite  limited  before  deformation.  For  example,  when 
observed  at  all.  the  arrays  rarely  extend  more  than  2-3  jam.  i.e., 
5-15  dislocations  into  the  grain  interior  (Fig.  1(b)).  Tilting 
experiments  revealed  that  the  randomly  distributed  isolated  dis" 
locations  and  arrays  of  parallel  dislocations  like  those  shown  in 
Fig.  1  are  invisible  when  imaged  with  g  =  1 1_00  and  1 102.  but 
visible  when  imaged  with  complementary  0110  and  1010  re¬ 
flections,  as  well  as  with  all  three  1120  type  reflections.  Con¬ 
sequently.  these  dislocations  are  perfect  with  a  Burgers  vector 
of  the  {(1 120)  type,  and  all  lie  in  the  basal  plane.  It  is  w'orth 
noting  that  while  the  vast  majority  of  dislocations  were  basal 
plane  dislocations,  in  a  few'  isolated  cases,  they  did  not  appear 
to  lie  totally  in  the  basal  planes:  the  nature  of  these  dislocations 
is  still  unclear  at  this  time. 


(a) 


Numerous  planar  defects  are  also  observed.  They  can  be 
divided  into  two  types,  depending  on  their  extent.  Defects 
of  the  first  type  extend  clear  across  the  grains.  Typically,  one 
or  tw'o  such  defects  are  observed  per  grain.  In  Figs.  2(a)  and 
(b).  such  a  defect,  labeled  SF.  propagates  across  the  grain 
G2.  Selected  area  diffraction  patterns  for  regions  on  both 
sides  of  the  defect  are  identical,  confirming  that  G2  consti¬ 
tutes  a  single  grain  containing  this  planar  defect.  Further¬ 
more,  the  contrast  associated  with  the  defect  as  well  as  its 
absence  is  easily  observed  by  tilting  the  specimens  and  imag¬ 
ing  the  defects  with  various  reflections.  As  shown  in  Fig^.  2(a) 
and  (b),  the  defect  is  invisible  w'hen  imaged  with  g  =  1210  but 
is  visible  with  g  —  01 14.  In  the  latter  case,  alternating  bright 
and  dark  fringes  are  observed,  w'hich  are  of  symmetrical  con¬ 
trast  in  bright  field  and  asymmetrical  contrast  in  dark  field  (  not 
shown).  Thus,  the  defect  must  be  stacking  fault  characterized 
by  a  displacement  vector  parallel  to  [0001]. 

Defects  of  the  second  kind  are  similar  to  the  first,  except  that 
they  do  not  propagate  across  the  whole  grain  (Figs.  2(c)  and  (d) 
and  C  in  Figs.  3(a)  and  (b)).  Such  faults  are  usually  grouped  in 
bands  extending  from  the  grain  boundaries  and  bounded  by 
partial  dislocations  lying  inside  the  grain.  Contrast  analysis 
revealed  that  the  faults  and  their  bounding  dislocations  (C  in 
Fig.  3)  became  invisible  when  imaged  with  g  =  1120  type  and 
visible  with  g  =  0002  type  as  show'n  in  Fig.  3,  w'hich  show's  a 
typical  example  of  a  grain  with  the  basal  planes  in  an  edge-on 
position.  In  this  figure,  C  points  to  partial  dislocations  bound¬ 
ing  the  stacking  faults  which  propagate  from  the  upper  left 
comer  of  the  figure  that  were  similar  to  those  shown  in  Figs. 
2(c,  d).  These  defects  and  the  partials  are  visible  as  a  line  w  hen 
imaged  with  g  =  0002.  But.  as  shown  in  Fig.  3(b).. the  stacking 
faults  and  their  bounding  dislocations  become  invisible  when 
imaged  with  g  —  1120.  which  strongly  suggests  that  the  stack¬ 
ing  faults  are  characterized  by  a  displacement  vector  parallel  to 
[0001].  All  of  the  planar  defects  observed  in  this  work  and  their 
bounding  dislocations  lie  in  the  basal  plane. 

Most  grain  boundaries  contain  dislocations.  In  some  cases, 
faceting  of  grain  boundaries  has  also  been  observed.  Pores 
were  scarce  and  typically  had  a  shape  reminiscent  of  a  paral¬ 
lelepiped.  i.e.,  were  apparently  bounded  by  low'  index  planes, 
presumably  basal  and  prismatic  ones. 


(b) 


Fig.  1.  Topical  dislocations  in  Ti^SiC^  produced  by  reactive  hot  pressing:  single  dislocations  (A);  arrays  of  parallel  straight  dislocations  within 
a  grain  (B):  dislocations  bounding  stacking  faults  (C):  dislocations  at  grain  boundaries  (D). 


(d) 

Fio  2  (a)  Single  stackins  fault.  SF.  propagatina  across  grain  G,.  Grains  G,  and  G,  are  two  adjacent  grains  separated  from  G2  by  boundaries  GB, 
and  GB,  Bright  field  BP"  with  g  =  T2T0.  (b)  BF  with  g  =  01 14.  (c)  Typical  example  of  second  type  of  stacking  faults,  in  which  one  side  is 
bounded  by  partial  dislocations  and  the  other  (not  shown)  a  grain  boundary,  (d)  Same  area  as  (c),  but  imaged  such  that  only  the  bounding  dislocations 
are  visible. 


(2)  Deformed  Samples  that  propagate  through  the  whole  transparent  field  of  view. 

In  contrast  to  the  low  dislocation  density  prior  to  deforma-  Within  an  array,  the  dislocations  are  parallel  and  equidistant, 

tion.  the  dislocation  density  in  the  deformed  material  was  sig-  suggesting  that  they  all  propagate  along  the  same  slip  plane, 

nificantly  higher,  as  shown  in  Fig.  4.  Tilting  experiments  re-  The  number  and  spatial  extent  of  the  arrays  are  significantly 

vealed  that  the  vast  majority  of  these  dislocations  lie  in  the  enhanced  as  a  result  of  the  deformation.  We  did  not  observe 

basal  planes.  The  dislocations  are  grouped  in  basal  plane  arrays  any  dislocation  entanglements  or  evidence  for  cross-slip. 
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Fig.  3.  Micrographs  and  corresponding  selected  area  diffraction  (SAD)  pattern  for  a  grain  in  an  edse-on  position:  (a)  briaht  field  (nearest  00CP 
reflections  were  used  in  addition  to  the  transmitted  spot  for  this  image);  (b)  centered  dark  tilt  with  1 1 20  reflection:  B-B-dislocation  array  (C)  partial! 
bounding  stacking  fault:  (E)  set  of  surface  steps. 


IV.  Discussion 

The  most  important  result  of  this  study  is  that  basal  plane 
dislocations  are  mobile  and  multiply  as  a  result  of  room- 
temperature  deformation.  Direct  evidence  of  dislocation  mo¬ 
bility  and  multiplication  in  Ti3SiC2  as  a  result  of  deformation 


Fig.  4.  Typical  TEM  micrograph  after  deformation  at  room  tempera¬ 
ture.  Number  and  spatial  extent  of  dislocation  arrays  is  greatly  in¬ 
creased  compared  to  the  undeformed  samples. 


can  be  seen  in  Fig.  4.  The  dislocation  density  is  significantly 
higher  after  deformation  than  before  (e.g.,  compare  Fig.  4  with 
Fig.  1(a)).  And  while  there  are  superficial  similarities  between 
the  arrays  shown  in  both  cases,  on  closer  inspection,  they  differ 
significantly.  First,  the  number  of  these  arrays  in  the  unde¬ 
formed  samples  is  quite  limited;  Fig.  1(a)  is  more  typical  than 
Fig.  1(b).  In  the  undeformed  samples,  the  only  dislocation  ar¬ 
rays  observed  are  adjacent  to  grain  boundaries  or  cracks;  the 
interiors  of  the  grains  are,  for  the  most  part,  dislocation  free.  As 
a  result  of  deformation,  the  number  of  arrays  is  greatly  in¬ 
creased.  Second,  in  the  undeformed  samples,  the  arrays  only 
extend  part  of  the  way  into  the  grain  interior,  typically  2-3  jxm. 
After  deformation,  however,  the  arrays  extend  across  the  whole 
field  of  view  transparent  in  the  TEM  and  thus,  presumably, 
extend  across  the  whole  grain.  It  is  worth  noting  that  the  grains 
are  of  the  order  of  3  mm  (the  micrograph  shown  in  Fig.  4  is  that 
of  a  single  macrograin)  and  thus  the  extent  of  these  arrays  is 
considerable. 

A  comparison  of  the  TEM  micrographs  of  the  undeformed 
and  deformed  samples  leaves  little  doubt  that  basal  plane  dis¬ 
locations  move  and  multiply  at  room  temperature.  This  is  in 
accord  with  the  fact  that  Ti3SiC2  plastically  deforms  at  room 
temperature  along  the  basal  planes.5  Furthermore,  the  absence 
of  slip  systems  other  than  basal  explains  the  brittleness  of 
randomly  oriented  polycrystalline  samples.  Finally,  the  ab¬ 
sence  of  cross-slip  and  dislocation  entanglements  explains  the 
ease  and  extent  by  which  Ti3SiC2  forms  kink  bands5  when  the 
basal  planes  are  parallel  to  the  load  direction. 


June  1998 


Communications  of  the  American  Ceramic  Society 


1681 


Given  what  is  currently  known  about  the  structure  of 
Ti3SiCN.  the  fact  that  the  defects  are  confined  to  the  basal 
planes  is  not  surprising.  Ti3SiC2  is  a  layered  hexagonal  mate¬ 
rial  in  which  almost  close-packed  planes  of  Ti  are  separated 
from  each  other  by  hexagonal-nets  of  Si;  every  fourth  layer 
is  a  Si  layer.  A  basal  interatomic  vector  is  the  shortest  full 
translation  vector  in  this  structure;  consequently  perfect  dis¬ 
locations  should  have  a  Burgers  vector  of  b  =  *{1210)  and 
lie  in  the  basal  planes  as  observed.  Other  dislocations  are  much 
less  likely  because  their  Burgers  vector  would  be  quite  large. 
The  (0001 )[  1 120]  slip  system  is  common  to  all  hexagonal  met¬ 
als  as  well.11  It  is  thus  not  too  surprising  that  perfect  basal 
plane  dislocations  with  Burgers  vector  ^{1 120)  exist  in  Ti3SiC2. 
Nevertheless,  this  is  the  first  report  detailing  the  Burgers  vector 
of  dislocations  in  Ti3SiC2. 

As  a  result  of  the  long  processing  anneal  at  1600°C,  it  is 
assumed  that  any  dislocations  formed  as  a  result  of  plastic  flow 
in  the  hot-press  anneal  out,  an  assumption  that  is  consistent 
with  the  low  defect  density  observed.  The  arrays  of  perfect 
basal  dislocations  (B  in  Fig.  1(a))  most  likely  form  during 
cooling  as  a  result  of  thermal  residual  stresses  resulting  from 
the  anisotropy  in  the  thermal  expansion  coefficients  along  the 
c  and  a  axes.  These  dislocations  appear  to  be  emitted  from  the 
grain  boundaries  at  triple  junctions. 

Concerning  the  stacking  faults  observed,  errors  in  stacking 
sequence  can  occur  during  synthesis,  or  alternatively,  can  be 
formed  as  the  result  of  the  dissociation  of  a  perfect  dislocation 
into  two  partials.  In  the  latter  case  the  resulting  stacking  fault 
would  be  bounded  by  these  partials.  The  most  likely  dissocia¬ 
tion  reaction  is 

{<  1120>-»$<  10l0)  +  SF  +  |(0ll0) 

Since  the  perfect  dislocation  and  the  two  partials  have  their 
Burgers  vector  lying  in  the  same  basal  plane,  it  follows  that  the 
stacking  fault  bounded  by  these  partials  must  also  lie  in  that 
plane.  These  partials,  in  turn,  can  move  conservatively  in  the 
basal  plane  and  contribute  to  the  deformation  process.  Such 
partials  can  be  formed  by  dissociation  of  dislocations  lying  in 


the  grain  boundaries  in  such  a  way  that  only  the  formed  partial 
would  be  able  to  move  conservatively.  In  that  case,  stacking 
faults  would  be  limited  from  one  side  by  grain  boundaries  as 
indeed  was  observed  in  this  study  (Figs.  1(b)  and  2(c)).  The 
stacking  faults  and  the  core  structure  of  dislocations  are  now 
being  investigated  by  analytical  and  high-resolution  TEM.  and 
the  results  will  be  reported  in  the  near  future. 

V.  Summary 

Deformed  and  undeformed  samples  of  Ti3SiC2  fabricated  by 
the  reactive  hot  pressing  of  Ti.  SiC,  and  graphite  was  charac¬ 
terized  by  TEM.  The  undeformed  material  was  single  phase, 
and  characterized  by  a  low  defect  density.  The  vast  majority  of 
the  dislocations  and  stacking  faults  observed  were  found  to  lie 
in  the  basal  planes.  The  basal  plane  dislocations  move  and 
multiply  as  a  result  of  room-temperature  deformation.  No  evi¬ 
dence  of  dislocation  entanglements  or  cross-slip  w’as  observed 
after  deformation. 
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